Influence of Defects on the Stability and Hydrogen‐Sorption Behavior of Mg‐Based Hydrides by Grbović-Novaković, Jasmina et al.
 
Институт за нуклеарне науке „Винча“ 
Универзитет у Београду 
 
VINČA Institute of Nuclear Sciences 










Grbovid Novakovid, J.; Novakovid, N.; Kurko, S.; Miloševid Govedarovid, S.; Pantid, T.; Paskaš 








Peer reviewed article (often known as postprint article) 
 
This is the peer reviewed version of the following article: Grbovid Novakovid, J., Novakovid, N., 
Kurko, S., Miloševid Govedarovid, S., Pantid, T., Paskaš Mamula, B., ... & Skryabina, N. (2019). 
Influence of Defects on the Stability and Hydrogen‐Sorption Behavior of Mg‐Based Hydrides. 
ChemPhysChem., which has been published in final form at 10.1002/cphc.201801125. This 
article may be used for non-commercial purposes in accordance with Wiley Terms and 
Conditions for Use of Self-Archived Versions. 
 






Title: Influence of defects on Mg-based hydrides stability and hydrogen
sorption behavior
Authors: Jasmina Grbovic Novakovic, Nikola Novaković, Sandra Kurko,
Sanja Milošević Govedarović, Tijana Pantić, Bojana Paskaš
Mamula, Katarina Batalović, Jana Radaković, Jelena Rmuš,
Marina Shelyapina, Nataliya Skryabina, Particia de Rango,
and Daniel Fruchart
This manuscript has been accepted after peer review and appears as an
Accepted Article online prior to editing, proofing, and formal publication
of the final Version of Record (VoR). This work is currently citable by
using the Digital Object Identifier (DOI) given below. The VoR will be
published online in Early View as soon as possible and may be different
to this Accepted Article as a result of editing. Readers should obtain
the VoR from the journal website shown below when it is published
to ensure accuracy of information. The authors are responsible for the
content of this Accepted Article.
To be cited as: ChemPhysChem 10.1002/cphc.201801125
Link to VoR: http://dx.doi.org/10.1002/cphc.201801125






Influence of defects on Mg-
based hydrides stability and 
hydrogen sorption behavior  
J. Grbović Novaković*[a], N. Novaković[a], S. 
Kurko[a], S. Milošević Govedarović[a], T. Pantić[a], 
B. Paskaš Mamula[a], K. Batalović[a], J. 
Radaković[a], J. Rmuš[a], M. Shelyapina[b], N. 
Skryabina[c], P. de Rango[d] and D. Fruchart[d] 










 Supporting information for this article is given via a link at the end of 















This article is protected by copyright. All rights reserved.






Abstract: This review deals with the destabilization methods for 
improvement of storage properties of metal hydrides. Both 
theoretical and experimental approaches were used to point out the 
influence of various types of defects on structure and stability of 
hydrides. As a case study, Mg, and Ni based hydrides has been 
investigated. Theoretical studies, mainly carried out within various 
implementations of DFT, are a powerful tool to study mostly MgH2 
based materials. By providing an insight on metal-hydrogen bonding 
that governs both thermodynamics and hydrogen kinetics, they allow 
us to describe phenomena to which experimental methods have a 
limited access or do not have it at all: to follow the hydrogen sorption 
reaction on a specific metal surface and hydrogen induced phase 
transformations, to describe structure of phase boundaries or to 
explain the impact of defects or various additives on MgH2 stability 
and hydrogen sorption kinetics. In several cases theoretical 
calculations reveal themselves as being able to predict new 
properties of materials, including the ways to modify Mg or MgH2 
that would lead to better characteristics in terms of hydrogen storage. 
The influence of ion irradiation and mechanical milling with and 
without additives has been discussed. Ion irradiation is the way to 
introduce a well-defined concentration of defects (Frankel pairs) at 
the surface and sub-surface layers of a material. Defects at the 
surface play the main role in sorption reaction since they enhance 
the dissociation of hydrogen. On the other hand, ball-milling 
introduce defects through the entire sample volume, refine the 
structure and thus decrease the path for hydrogen diffusion. Two 
Severe Plastic Deformation techniques were used to better 
understand the hydrogenation/dehydrogenation kinetics of Mg- and 
Mg2Ni-based alloys: Equal-Angular-Channel-Pressing and Fast-
Forging. Successive ECAP passes leads to refinement of the 
microstructure of AZ31 ingots and to instalment therein of high 
densities of defects. Depending on mode, number and temperature 
of ECAP passes, the H-sorption kinetics have been improved 
satisfactorily without any additive for mass H-storage applications 
considering the relative speed of the shaping procedure. A 
qualitative understanding of the kinetic advanced principles has 
been built. Fast-Forging was used for a “quasi-instantaneous” 
synthesis of Mg/Mg2Ni-based composites. Hydrogenation of the as-
received almost bi-phased materials remains rather slow as 
generally observed elsewhere, whatever are multiple and different 
techniques used to deliver the composite alloys. However, our 
preliminary results suggest that a synergic hydrogenation / 
dehydrogenation process should assist hydrogen transfers from 
Mg/Mg2Ni on one side to MgH2/Mg2NiH4 on the other side via the 
rather stable a-Mg2NiH0.3, acting as in-situ catalyser. 
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Fuel cells and other systems for hydrogen energy utilization are 
promising alternatives in today’s fossil fuels driven economy [1]. 
However, for their practical applications some problems 
concerning efficiency and safety need to be solved, with 
hydrogen storage not being the least of all. Hydrogen is one of 
the  promising alternatives to  fossil fuels, while it is frequently 
referenced as an energy vector rather than a fuel. It has a very 
high mass energy density (around 120 MJ/kg, compared to i.e. 
48 MJ/kg for gasoline) [2]. Unfortunately, it also has a very low 
volumetric energy density, due to its lightness in the molecular 
form. Hydrogen is conventionally stored in high pressure 
hydrogen-durable steel or composite tanks, or in liquid form in 
cryogenic conditions. Due to its high flammability in wide range 
of mixing ratio with air oxygen, the storage in high pressurized 
gaseous or liquid form remains a potential security issue. 
Hydrogen storage materials with high gravimetric and volumetric 
capacities are, on the other hand, easily available, cheap, safe 
and a non-toxic alternative [1]. In solid-state storage materials, 
hydrogen is bonded by either physical (H2 is physisorbed on the 
surface of the pores) or chemical forces (H is bonded with 
medium) [3].  The advantages of metal-organic frameworks, 
porous carbons, zeolites, clathrates, and organic polymers 
which belong to the class of physisorption materials have  a high 
specific surface area and the possibility of tailoring the pore 
dimensions [4-10]. The main drawback of those classes of 
materials is that high storage capacity is reached at the liquid 
nitrogen temperature and high pressures [4]. At the ambient 
temperature and pressure their capacities become very low. On 
the other hand, in aminoboranes [11, 12], borohydrides [13,14] 
and metal hydrides [15-17] hydrogen is chemically bonded to the 
storage medium. Due to relatively high activation energy, the 
sorption in such kind of materials is usually not reversible.  
The subjects of the investigations presented in this review are 
Mg, Zr and Ni based hydrides. These are the typical 
representatives of simple metal and interstitial metal hydrides, 
with prospect of possible economic viability. 
Among metal hydrides, magnesium hydride (MgH2) stands out 
as promising hydrogen-storage material, due to its lightness, 
availability, low cost and non-toxicity. It has very high gravimetric 
density (7.6 wt%). The major obstacle to economic viability of 
this material remains its high desorption temperature and 
sluggish kinetics. Both of mentioned properties are derived from 
MgH2 being simply ‘too stable’. Its heat of formation (around 76 
kJ/molH2) is responsible for the very high desorption 
temperature at normal conditions (around 300 °C), while there 
are numerous proposed mechanisms responsible for slow 
desorption / absorption kinetics.  
The common approach to the abovementioned problems is to 
destabilize the host structure by means of nanostructuring or 
various single or collective defects introduction (vacancies or 
dopants, metals, metal oxides, halides, nonmetals etc.), 
composites using mechanosynthesis or ion irradiation 
implantation, etc. On the other hand, Mg2NiH4 is an attractive 
material for hydrogen storage due to favorable hydrogen to 
metal weight ratio of 3.6 wt%. Even though the lower enthalpy of 
dissociation of Mg2NiH4 (64 kJ/mol H2) in comparison to MgH2 
results in a lower decomposition temperature for the same 
hydrogen external pressure, the main drawback of this material 
is its inability to be fully recharged with hydrogen. As reported by 
Révész et al., upon cycling at low hydrogen pressure, Mg2Ni 
can absorb hydrogen (at Tpeak= 247 °C, at 300 kPa H2) only to 
form the partial hydrogenated hexagonal solid solution Mg2NiH0.3 
[18,19]. 
The subject of this paper are possible paths of destabilization of 
Mg-based metal hydride systems by defects introduction, in 
order to 1) obtain improved H (de)sorption properties and 2) to 
investigate the mechanisms of the processes responsible for 
slow kinetics and high desorption temperatures.  
We are reporting here combined theoretical and experimental 
approach for treatment of various defects introduction (neutral 
and charged vacancies, displaced atoms of host lattice and 
substitutional and interstitial dopants). The experimental 
methods for synthesis and modification of materials include 
mechanosynthesis, ion irradiation, ECAP and Fast-Forging. For 
theoretical description of induced changes, the various 
calculation methods were used, such as DFT based 
pseudopotential and linear all-electron methods applied on 
cluster, bulk, surface, single interface and multilayer models. 
The structure of the review paper reflects mentioned methods 
and its results. 
2. Experimental approach to destabilization of 
hydrogen storage materials 
2.1 Ion irradiation as a method for hydride structural 
destabilization 
Ion-beams processing of materials provides new opportunities 
for synthesizing materials with unique microstructures and 
properties. It is clear that ion irradiation is not the most 
convenient method to improve properties of materials on 
industrial scale or in terms of hydrogenation cycling. The idea 
behind the investigation of ion irradiation as a mean of defects 
production in Mg-based hydrides is to investigate the role of 
surface and near-surface regions as sources of suspected rate 
limiting steps during sluggish (de)sorption. The expected role of 
low energy light and heavy ions is to deposit defects (vacancies, 
recoils, interstitials) in a well-defined depth range close to 
surface, as predicted by simulations, and to investigate the 
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on energy-loss mechanism (projectile nature, weight, charge 
state and initial energy).  
Interaction of incident ions and solid involves series of collisions 
with both the electrons and the ion cores of target atoms. 
Inelastic collisions of ions with electrons lead only to 
deceleration  of incident ions, since electron mass is small and 
doesn’t alter the ion trajectory much. So, electrons in target can 
be treated as viscous, energy extracting background [20]. The 
energy loss of ions by inelastic collisions with target electrons is 
electronic stopping power Se(E) and it depends on the target 
atom’s mass and incident ion’s mass and energy. On the other 
hand, collisions of incident ions with the ion cores of target 
atoms are elastic and can lead to atomic displacement whereby 
a knocked-on atom recoils away from its initial lattice site and 
produces an interstitial-vacancy (Frenkel) pair. To form stable 
Frenkel pairs, target atoms need energy of ≈25 keV. When 
received more energy, these recoils can develop displacement 
cascade with more target atoms displaced. Energy loss induced 
by these interactions is nuclear stopping power Sn(E). Interaction 
of ions with surface and near-surface target atoms can lead to 
their sputtering and erosion of material surface. Partial 
sputtering yields are different, so the surface composition 
becomes altered from the bulk composition [21,22]. In alloys, the 
displacement process induced upon ion irradiation leads to ion 
mixing since a portion of atoms in the vicinity of the recoils 
exchange lattice sites with neighboring atoms. The displacement 
cascade lasts for a few tenths of ps and the local temperature 
usually exceeds the melting temperature for few ps. This causes 
a liquid-like diffusion and induces defects clustering upon the 
system cooling [23]. Around the incident ion track, a region of 
disorder is produced. With the increase of ion fluence, the 
disorder increases and disordered zones are formed, until all the 
atoms have been displaced and an amorphous layer is 
produced over a region (see figure 1). The amorphization takes 
place when the material reaches a critical threshold in the defect 
density. The threshold fluence for amorphization increases with 
increasing the target temperature up to a critical value, above 
which amorphization does not happen. The critical temperature 
depends on the ion mass and energy, i.e. on the energy density 
deposited into nuclear collisions. 
 
 
Figure 1. Disorder accumulation as a function of ion fluence 
Ion irradiation method found a significant application in the 
structural destabilization of materials for solid state hydrogen 
storage [15-17,24-37]. This way it is possible to introduce a well-
defined concentration of defects (vacancies and dislocations) in 
the surface and subsurface layer of material. [24,24]. Surface 
modification is crucial for hydrogen reactivity with the material, 
since the H2 gas molecule dissociation is the first step in the 
hydrogen absorption reaction [17]. 
Abe et al. showed that hydrogen absorption of palladium can 
effectively be improved by ion bombardment [11]. They used low 
energy ions (30-350 keV) of H+, He+, N+ i Ar+ with the fluence 
range between 1014-1017 ions/cm2. Irradiation introduced 
vacancies, dislocations and micro cracks into materials and 
increased the rate of hydrogen absorption. The absorption rate 
was proportional to the ion fluence and energy of used ions. The 
highest effect was produced by nitrogen ions [25]. They also 
studied the irradiation effect that various ions have on the initial 
reaction rate of hydrogen absorption in electrode materials for 
Ni-H and NiM-H batteries based on rare earth based alloys [27-
29]. MmNi3.48Co0.73Mn0.45Al0.34 (Mm=La0.35Ce0.65), which is 
applied as the negative electrode of the Ni–H batteries and other 
hydrogen storage systems, was irradiated with H+, Ar+ i K+ ions 
of 350 keV energy, while fluence ranged from 1014 ion/cm2 to 
1017 ion/cm2 [27]. Irradiation with Ar+ ions increased the initial 
hydrogenation rate more than irradiation with H+ ions. This was 
attributed to the higher concentration of vacancies induced by 
Ar+ ions and consequently larger number of active sites for 
hydrogen adsorption on the alloy surface. As a result, nucleation 
and hydride phase growth are accelerated. On the other hand 
irradiation with K+ ions was found to be more effective than Ar+ 
ions. This phenomenon was connected to the possibility of K+ 
chemical interaction with alloy in the surface layer, in addition to 
the vacancy introduction. In all experiments initial hydrogenation 
rate increase was directly proportional to the fluence of incident 
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lanthanum (La+) and cerium (Ce+) ions combined with an 
alkaline KOH treatment are much more effective in the 
enhancement of the initial hydrogenation rate and have the 
synergic effects on the surface modification [28]. On the other 
hand, no such effect was observed for Mg+ and Bi+ ions of the 
same energy. The reason is the concentration and depth 
distribution of produced vacancies. La+ and Ce+ ions introduce 
high concentration of vacancies (over 1024 cm-3) in the 
subsurface layer of alloy up to the depth of 200 nm. The similar 
ion depth distribution is calculated also for Bi+ ions. The absence 
of improvement in this case leads to conclusion that the 
nucleation and growth of hydride phase are not only influenced 
by the vacancies acting as the H trapping sites but also by the 
ions remaining in or near the formed defects since La and Ce 
tend to form stable hydrides [29]. High concentrations of the 
vacancies near the alloy surface accelerate also the oxidation 
and alloy reaction with air moisture, so the alkaline treatment 
leads to penetration of alkaline atoms in the freshly formed 
surface oxide layers and reduction in the work function of 
surface electrons, resulting in the improvement of H2O 
dissociation and consequently hydrogenation [30,31]. The 
importance of material surface and vacancies depth distribution 
was also confirmed in irradiation experiments of LaNi4.6Al0.4 with 
O+ ions of different energies [31].  
 
 
Figure 2. Vacancy depth distributions in the LaNi4.6Al0.4 alloy induced by O+ 
irradiation of different energies using a SRIM code. Reproduced with 
permission from H. Abe, S. Tokuhira, H. Uchida, T. Ohshima, Nucl. Instrum. 
Methods Phys. Res., 2015, B 365, 214.[31]. 
In Figure 2 vacancies depth distributions are shown, induced by 
irradiation using ions of different energies obtained by Monte 
Carlo simulations using SRIM code [32]. In the alloy irradiated 
with 100 keV and 350 keV O+ ions, the initial hydrogenation rate 
was improved by two orders of magnitude while in the case of 3 
MeV and 12 MeV ion energies rate was similar to the un-
irradiated material (table 1). The amount of absorbed hydrogen 
was also significantly enlarged in the alloys irradiated with low 
energy ions. The difference in material properties irradiated with 
different ion energies was attributed to the difference in depth 
distribution and concentration of produced vacancies. 
 
Table 1. The initial rate of hydrogenation, amount of hydrogen absorbed and 
linear energy transfer for different ion beam energies used to irradiate 
LaNi4.6Al0.4. Reproduced with permission from H. Abe, S. Tokuhira, H. 















Un-irradiated 3.52x10-3 0.267  
100 keV 3.35 x10-1 1.89 7.29x102 
350 keV 1.89 x10-1 1.28 1.80 x103 
3 MeV 3.42 x10-3 0.393 3.56 x103 
12 MeV 2.98 x10-3 0.230 4.26 x103 
 
López-Suárez et al. [33] have studied hydrogen absorption and 
diffusion into H+ irradiated titanium. They used low energy (5 
keV) hydrogen ions at a fluence of 1014 ions/cm2 with the 
calculated ion projected range of 64 nm. The experimental 
hydrogen depth profile obtained by ERDA is slightly wider than 
in the SRIM simulation and the projected ion range is 81 nm, 
which suggests that radiation induced hydrogen diffusion into 
bulk is taking place during the implantation. Hydrogen 
absorption in irradiated samples was significantly improved. Un-
irradiated Ti absorbs hydrogen at temperatures higher than 550 
oC; in the irradiated samples absorption is notable even at 300 
oC, while it becomes significant at 450 oC. Also, there is an 
important increase in the quantity of absorbed hydrogen at all 
studied temperatures. The improvement was attributed to the 
change in both strain and structure in the surface region that 
enhances the defects and dislocations creation leading to the 
formation of pathways for hydrogen’s easier diffusion into metal. 
Our group systematically studied the influence of low energy 
irradiation effect of different ions on MgH2 dehydrogenation 
reaction and its correlation to the irradiation induced changes in 
the hydride structure [15,16,34-37]. The used ions, their 
energies, the position of maximum of ions range and number of 
produced vacancies per ion calculated by SRIM [32] are 
represented in Table 2. Fluences of used ions were in the range 
from 1012 ions/cm2 to 1016 ions/cm2. 
The heavier ions Ar8+ and Xe8+ produced larger concentration of 
vacancies than lighter ions B3+, N3+ and C2+. Vacancies 
produced by Xe8+ ions are deposited closer to the surface. The 
maximum of vacancies production corresponds to the maximum 
of the recoil atoms distribution since recoils produce about eight 
times more vacancies than incident ions and is positioned at the 
depth of about 54 nm [16]. High concentration and shallow 
deposition of vacancies produced by Xe8+ ions led to significant 
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Table 2. Type of Ions, their energies, main ions range and number of 
produced vacancies per ion, as calculated by SRIM used for irradiation of 2 
in [15,16,34-37]. 














Ar8+ 120 175 60.0 1244 
Xe8+ 120 85 103.0 1818 
B3+ 45 216 93.0 288 
N3+ 45 170 90.0 359 
C2+ 30 140 78.5 259 
 
Figure 3. DSC curves of commercial MgH2 powder (A), MgH2 milled for 10 h 
(B), and MgH2 irradiated by 120 keV Xe8+ with ion fluences: 1012 (S12), 1014 
(S14), 1015 (S15), and 1016 (S16) ions cm-2. Reproduced with permission from 
J. Grbović Novaković, Lj. Matović, M. Drvendžija, N. Novaković, D. Rajnović, 
M. Šiljegović, Z. Kačarević Popović, S. Milovanović, and N. Ivanović, Int. J. 
Hydrogen Energy, 2008, 33, 1876 [16]. 
It is noticeable that ball milling, as a form of bulk modification, 
induced lower decrease in desorption temperature than surface 
modification induced by Xe8+ ion irradiation. The increase of ion 
fluence in irradiated samples was followed by the change in 
DSC peaks shape that became more symmetric and narrow. 
The more symmetrical peak indicates only one process that 
limits H desorption kinetics, while the DSC peak asymmetry at 
lower fluences is an indicator of multiple steps that control 
hydride dehydrogenation. There is also a dependence of peak 
position on ion fluence, so the higher is the fluence and related 
vacancy concentration in the sample, the lower hydrogen 
desorption temperature is. Besides the effect of catalytically 
active vacancies, the improvement in reaction kinetics is also 
attributed to the disruption of Mg-oxide passivation surface layer. 
Obtained results showed that there is a direct correlation of 
decrease in hydrogen desorption temperature to the 
concentration and position of created vacancies (Table 2), so it 
increases in the following order Tdes(Xe8+)< Tdes(Ar8+)< Tdes(N3+)< 
Tdes(B3+)< Tdes(C2+) [15,15,34-37]. In the case of C2+ a large 
concentration of Mg(OH)2 formed upon irradiation so the 
hydrogen temperature increased upon passivation of surface 
[36]. In Ar8+ and B3+ irradiated hydride, the hydrogen desorption 
temperature and reaction mechanism is independent on the ion 
fluence, so it led to an assumption that the irradiation induced 
defect network for H-diffusion was already formed in the sample 
irradiated with the lowest fluence (1012 ions/cm2) [15]. 
Comparison in dehydrogenation reaction mechanism between 
MgH2 irradiated with B3+ and Ar8+ ions indicated that it is 
dependable on vacancy depth distribution (figure 4) [37]. The 
Avrami-Erofeev parameter changed from n=3 in B3+ irradiated 
hydride to n=2 in the case of Ar8+ ions, as a consequence of 
change in nucleus growth dimensionality from 3D to 2D.  
 
Figure 4. Temperature evolution of reacted fraction θ corresponding to MgH2 
decomposition, obtained by integration of high temperature TPD peak in MgH2 
(AA), and MgH2 irradiated with 1016 ions/cm2 Ar8+ (A16) and B3+ (B16) ions. 
Reproduced with permission from Lj. Matović, S. Kurko, Ž. Rašković-Lovre, R. 
Vujasin, I. Milanović, S. Milošević, J. Grbović Novaković, Int. J. Hydrogen 
Energy 2012, 37, 6727 [37]. 
Further clarification in 2D reaction mechanism in Ar8+ irradiated 
MgH2 was studied in the MgH2 thin films [38]. In the non-
irradiated MgH2 thin film hydrogen desorbs at 447oC and the 
peak is asymmetric. On the other hand, in the irradiated sample, 
the nuclei, once formed, grow continuously, resulting in a 
symmetric, broad TDS peak at a lower temperature. Reaction 
kinetics is drastically improved upon irradiation. While in non-
irradiated film full hydrogen desorption finishes in 2000 s, in 
irradiated sample it finishes within 200 s (Figure 5). The Avrami 
parameter is changed from 4.1 in non-irradiated to 2.5 in 
irradiated films, with the lowering in activation energy for 
hydrogen desorption from 319 kJ/mol H2 to 137 kJ/mol H2 upon 
irradiation.  
The value 2.5 of Avrami parameter is attributed to the high 
number of induced defects in the material. The irradiated film 
had a significantly different microstructure than non-irradiated 
films, dominated by large crystal grains embedded in a crystallite 
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the crystallites are larger. This was attributed to sample 
inhomogeneity, severe microstructural changes in the surface-
top region and the fact that large number of vacancies (about 
760 vacancies per incident ion), led to formation of H-deficient 
phases. In the non-irradiated film the random nucleation of 
spherical Mg nuclei is observed and the simultaneous growth of 
small and big nuclei. On the other hand, in irradiated one 
irregularly shaped nuclei are found and the nucleation process in 
this sample is very fast due to clustering of the Mg nuclei along 
preferential directions determined by the vacancy distribution.  
 
Figure 5. Hydrogen desorption curves from isothermal measurements (at 
400oC, coverage-surface area vs. time) for irradiated and non-irradiated 300 
nm thick MgH2 thin films. Reproduced with permission from Ž. Rašković Lovre, 
S. Kurko, N. Ivanović, J. F. Fernandez, J. R. Ares, S. Šturm, T. Mongstad, N. 
Novaković, J. Grbović Novaković, J. Alloys and Compd, 2017, 695, 2381-2388 
[38]. 
Ion irradiation is a very useful method for introduction of 
controlled concentration and depth distribution of defects into 
surface and near-surface area of hydrides. Highly disordered 
surface of material, reach in catalytically active point defects 
leads to improvement of hydrogen reactivity with hydrogen 
storage materials and their overall performance. 
2.2 Oxide and non-oxide ceramics addition as a method for 
hydride structural destabilization 
Methods like ion bombardment and mechanical milling [39-43] 
were often used to modify materials to facilitate diffusion. 
Mechanical milling is a very convenient method because it is 
both fast and simple for the particle/grain size reduction and 
even for an alloying of two or more metals [44]. Another effect 
that can be induced in single-phase material by mechanical 
milling is the loss of long-range order, while prolonged milling 
can lead to an amorphous state. Depending on the design, 
capacity, efficiency of milling, and other arrangements, we 
distinguish  several types of mills: SPEX shaker mill, planetary 
ball mill, attritor mills and high capacity commercial mills such as 
horizontal rotary ball mill, Uni-ball mills, etc. Depending on the 
type of mill, different energy transfers to the powder are 
obtained: impact, shear modes, or a combination of both. Other 
than on types of mill, the milling results are also dependent on 
other milling variables such as milling energy / speed, milling 
time, Ball-to-Powder Weight Ratio, milling atmosphere, milling 
container, types of milling balls, temperature of milling, and of 
course, properties of milled powder [44]. Prolonged milling in 
high-energy ball mill (for example 20 hin Spex 8000 [45]) can 
lead to change of crystal cell parameters of powders and to 
amorphization of crystalline material. If amorphization or alloying 
is not the desired outcome, the milling time should be shorter 
and properly set. On the other hand, if milling is performed in a 
planetary mill such as Fritsch Pulverisette 5 for example, long-
term milling (100 h) leads to a point where agglomeration and 
size reduction become competitive and opposed processes, and 
further milling doesn’t reduce particle size [46], so it is important 
to find optimal conditions.  
 
Table 3. List of commercial and MgH2 powders obtained from different 
manufacturers and milled MgH2 powders, their particle size and desorption 
temperatures obtained by DSC. Multiple temperatures correspond to multiple 

























20 / 150-3000  
(by SEM) 






415 / 4 
0,25 / 2032  
1 / 956 
10 / 470 
25 / 1310 
50 / 1184 
75 / 839 
100 / 600 
(by SEM) 
404 / 4 
372, 395 / 4 
362, 381 / 4 
389, 407 / 4 
379, 395 / 4 
376, 386 / 4 






414 / 5 
200 / 250–5000  
(max at 900) 





~445 / 20 20 / 8000 
368 / 5 
381 / 10 






414 / 5 100 / ? 336 / 5 
 
It is known that the hardness of material plays a significant role 
and can contribute to the grinding of powder. If hard powder is 
used as an additive it can act as a shredder and thus can 
contribute to the efficient particles size reduction [42,45]. On the 
other hand, materials with high values on Mohs hardness scale 
will not be affected equally as a soft powder by milling if they are 
a part of the same mixture, so one has to take this into account 
especially if analysis of particle size distribution is performed.  
Particle size of starting powders plays an important role: 
desorption temperature of MgH2 (one of the most promising 
materials for solid-state hydrogen storage) and reduced 
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particle size of commercial powder. In table 3, manufacturers, 
particle size, and desorption temperatures obtained by 
Differential Scanning Calorimetry (DSC) technique of some of 
the most commonly used MgH2 powders are listed. 
 
Comparing different MgH2 powders and data from Table 3, it is 
obvious that particle size plays a vital role in desorption of H2 
from commercial MgH2: lower desorption temperatures were 
obtained for powders with particle size smaller than 100 μm. By 
looking at data obtained from milled samples, it is interesting to 
notice that lower desorption temperatures are characteristic for 
samples with lower purity, where we can assume that MgO is 
present. Since MgO plays role as a catalyst [50], those samples 
show lower desorption temperature than samples with lower 
particle size and higher purity. So, although particle size plays 
an important role, it is more important to include a suitable 
catalyst in a mixture in order to improve MgH2 characteristics.  
By adding a suitable additive in small concentration to MgH2, the 
performance of milled mixture can be significantly altered in 
favor of fast hydrogen sorption, reduction of sorption 
temperature, and better cyclability. Metals, metal oxides and 
hydrides, non-oxide compounds, and even complex hydrides 
can be used as additives in the process of milling [44,50--59,]. 
Some excellent results for hydrogen desorption were obtained 
when MgH2 was combined with a small amount of oxides of 
transition metals (results listed in Table 4). 
 
 
Table 4. List of commercial MgH2 samples milled with different additives, and 
their desorption temperatures obtained by DSC method. Multiple 
temperatures correspond to multiple DSC peaks.  
Ref. 
Com. MgH2  
Manufacturer, purity 
Milled MgH2 
DSC Tdes (°C) 
/rate (°C/min) 
MgH2 + oxide 
additive 
DSC Tdes (°C) /rate 
(°C/min) 
[48] Alfa Aesar, 98% 380, 466 / 5  
1mol% Cr2O3 
410 / 5  
1mol% Nb2O5 
415 / 5 
[49] 
Gold Schmidt AG, 
95% 
323, 354 / 5 
17mas.% Nb2O5 




368 / 5 
381 / 10 














Gold Schmidt AG, 
95% 
336 / 5 
10wt.% MgO 
262 / 5 
[52] Alfa Aesar, 98% 450 / 10 
20wt% A-TiO2 
298,412 and 456 / 10 
10wt% R-TiO2 
299,380 and 456 / 10 
[53] Alfa Aesar, 98% 454 / 10 
5wt% VO2(B) 
350, 340 and 330 / 10 
 
 
DSC results listed in Table 4 show reduced desorption 
temperatures of hydrogen desorbed from MgH2 in presence of 
small amount of transition metal oxides. Addition of Cr2O3 and 
Nb2O5 has reduced by 100 °C desorption temperature, 
measured at rate of 5 °C/min and followed by reduction of 
activation energy from 206 kJ/mol to 185 kJ/mol [48]. Authors 
explained this effect through formation of intermediate 
compound of MgNb2O3.67 during the desorption process. 
Excellent reduction of Tdes (150 °C) was achieved with the 
addition of Nb2O5 but with very long milling time (200 h) [49]. 
Same desorption temperature reduction (152 °C) was obtained 
with the addition of MgO, where the mixture was milled for 100 h 
[51][54]. Authors concluded that higher oxide’s metal 
electronegativity leads to the lower hydrogen desorption 
temperature [50]. Different kind of effects on hydrogen 
desorption were observed in mixtures of MgH2 with oxides of 
titanium, iron, vanadium, zirconium, chromium and other TM´s, 
where besides reduction of Tdes, kinetics of desorption was 
changed as well [50][52][53]. In those systems, hydrogen 
desorption occurs at three temperatures which is the result of 
the interfaces between high valence and low valence TM 
compounds. Those compounds are favoring electron transfer 
between Mg2+ and H- at the interface which results in three-step 
desorption mechanism [55]. Another important observation was 
concluded in a case of MgH2-VO2(b) mixture: during cycling 
vanadium attacks hydrogen and partially changes from oxide to 
hydride phase [53] which was detected in the mixture after six 
cycles by XRD, and confirmed by Raman and FTIR 
spectroscopy. In this case, phrase catalyst is not exactly the 
best choice. Cycling showed a very fast desorption and 
absorption with full hydrogen capacity while DSC results showed 
reduction of desorption temperature of about 50 °C [53]. Since 
the first cycle act as a “working-out” cycle during which system 
goes through the process of stabilization and leveling unstable 
phase and defects, it is very important to run system on cycling 
in order to reach full understanding of each individual system.    
Activation energies obtained using non-oxide additives, such as 
FeF3,TiB, SiC, Mn, Fe, Ni, are listed in Table 5. [41][43][56-60]  
 
Table 5. Activation energies for desorption of MgH2 with non-oxide additives. 
Ref. Composite 
Activation energy of 
desorption (kJ/molH2) 
[43] 
TiB 5 wt% 
TiB-SiC 4.5-0.5 wt% 















[59] NiS 75.34 
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Comparing oxide and non-oxide additives, it is possible to 
conclude in general that non-oxide additives shift low-
temperature peak to lower temperatures and those peaks are 
usually very broad, while oxide additives have an influence on 
high-temperature desorption. This can be seen in Figure 6 
where TPD results of MgH2 with different additives are shown.  
 
 
Figure 6. TPD curves of mixtures of MgH2 and various oxide and non-oxide 
ceramics.   
2.3 Severe Plastic Deformation tailoring the microstructure 
of Mg-alloys 
Among mandatory conditions needed to deliver high hydrogen 
sorption kinetics in Mg-based compounds, are: a) creation of 
fine enough microstructures - particles and crystallites, b) 
implementation of high density of defects (glide planes, twins, 
high angle boundaries...). According to these requirements, for 
years Energetic Ball Milling (BM) was demonstrated as being 
very effective. Moreover, if adding specific additives to the 
primary MgH2, fine and highly reactive powders are formed. 
More recently, other techniques, such as Severe Plastic 
Deformation (SPD) processes, have been proposed to fulfil here 
above conditions a) and b). Furthermore, most of these 
metallurgy processes definitively operate on bulk metal samples 
delivering interestingly textured materials, c) an interesting 
characteristic which is absent in BM MgH2 powders. Additionally, 
BM is not so easy to upscale for mass production, being time, 
energy and man-power consuming; moreover, delivering highly 
pyrophoric powders. This is why progresses are expected by 
using SPD techniques e.g. Cold Rolling, Equal Channel Angular 
Pressing (ECAP), High Pressure Torsion, Fast Forging (FF)… 
as described in a generic reference [61]. Some advanced results 
are presented in [62-65]. Here, two SPD techniques are 
considered, since among the most promising in terms of up-
scalability for safe and mass production, 1) ECAP applied to 
AZ31, a commercial type Mg-alloy, and 2) FF applied to Mg-Ni 
precursors. For the 1st case, no specific additive is used, so the 
analysis is mostly addressed to metallurgic state of processed 
materials before hydrogen cycling. For the second case, the 
contribution of Ni is questioned as forming the binary Mg2Ni; well 
known to easy react with hydrogen.  
2.3.1 ECAP to build reactive microstructures 
Figure 7 shows the die environment of the ECAP machine which 
can be temperature monitored up to ~ 400 °C.   
 
Figure 7.Up and right: the ECAP die used for SPD treatments applied to Mg 
alloys. The die setting on the press (down) is pushed towards the punch, 
which pushes the sample for channeling. Up and left: the open channeling die; 
down-left: tools forming different angle channels ( LE = 95°, 105°, 115°, 125° 
and 135°); right: ECAP system (die and punch) 
 
We have systematically used ECAP to refine the microstructure 
of bulk AZ31 pieces (50x10x10 mm), for strain development and 
particle and crystallite sizes refinement. The level of strains 
developed in the billet due to the Severe Plastic Deformation 
process was anticipated by using a grid numerical analysis 
method and besides micro-hardness measurements performed 
all along the samples faces have allowed experimental controls. 
The ECAP treatments were operated under several 
experimental conditions, applying passes mode-A for which the 
square section sample is successively passed without any 
rotation reference to the channel geometry, and passes mode-
BC mode pass where a 90° rotation is applied from one pass to 
the next one. Comprehensive pictures can be found in 
references [66,67]. The critical experimental parameters that 
were questioned in terms of refinement of the microstructure 
are: 1) the mode of pass being A or BC, 2) the number NP of 
successive passes applied to the billet, the temperature TP of 
dying, reference to the fragile/ductile behavior (TFD) of the alloy 
and the dynamical recrystallization temperature TDC. For so 
doing, the ECAP treatments were mostly operated at 175 °C and 
275 °C. Using the numerical analysis grid method [68] the 
density of strains was established in all cases. It appeared that 
the most effective channeling route in terms of fast distribution of 
homogeneous and highest density of strains was the BC mode 
as shown on figure 8. 
This is confirmed by optical metallography and SEM analyses vs. 
the number of BC passes (not shown here) with quite similar 
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Figure 8. Strain intensity distribution after a 2nd ECAP pass: a- mode A, b- 
mode BC.  
 
     
Figure 9. Grain microstructure versus temperature of AZ31 billets after 2 BC 
passes:  a - as received, b - 150 °C,c - 200 °C, d - 250 °C, e - 300 °C. Scale is 
10 μm (lower left corner) for all images. 
Parallel, we observe that the refinement of the microstructure 
operates similarly when 1) increasing the number of passes 
down to the fragile-ductile transformation temperature TFD , 2)  for 
only 2 passes if temperature is setting apart TFD. Note if operating 
at high temperature a dynamical crystallization process can take 
place around TDC, accounting for an additional heating when 
mechanically SPD deform the sample [68]. It is worth to note that 
after 3 passes, a minimum grain size of ~ 4 µm was achieved 
and then stabilized further, as shown in Figure 10. 
 
 
Figure 10. Impact of the number of ECAP passes on the grain size in AZ31 
billet when ECAP treated mode BC at ~ 200 °C. Note that after 3 passes, a 
minimum grain size of ~ 3 µm was achieved and then stabilized further. 
 
Then the mean crystallite size and the mean density of stresses 
were determined from XDR patterns by refining the profile of 
diffraction lines angle by using the Williamson-Hall method [69]. 
Figure 11 shows the result for the BC mode processed material 
for 9 passes at 250 °C. It is seen that the crystallite size is 
homogeneously of 300 nm without no strain density. As shown, 
an additional pass operated at room temperature (fragile regime) 
induces a smaller mean crystallite size, while the density of 
strains is markedly increased, with distribution effects depending 
on the crystal directions. For billets treated along mode A, very 
similar results as the latter ones are received. It means that the 
mode A operates “anisotropically” conversely to mode BC (where 
a rotation of sample is operated in between passes), probably  
inducing less twins but a high dislocation densities. After 9 
passes mode-A, the sample exhibits a mean grain size of ~ 125 
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Figure 11. Williamson-Hall [69] plots allowing determine the crystallite size 
and the level of stresses leading modulate the linewidth of XDR patterns 
versus the Bragg angle (scattering vector s) for ECAP-treated AZ31 billets at 
250 °C for 9 passes BC mode (red) + 1 additional pass at RT (blue). 
 
Figure 12. Integrated and normalized texture intensities for four main crystal 
planes a -  mode  A,  b - mode BC. Colors are for lines (hkl): blue (002), red 
(100), black (101) and green (110). 
 
Small Angle Neutron Scattering experiments performed on 1 to 
4 ECAP mode BC at RT. Even for the 1 pass treated sample (~ 
mode A), SANS reveals ellipsoidal shapes which dimensions are 
comprised between 100 and 300 nm and 4-8 nm of intergrain 
boundaries, fairly agreeing with microscopy analyses. 
It is worth understanding that the ECAP process also impacts 
the texture organization of the grains in the material. Quite 
different results are received depending on the processing 
modes A or BC. Effectively many texture stereographic 
projections established from XRD diffraction, evidence the 
isotropic/anisotropic character of deformation along BC/A. Very 
clear-cut pictures enlightening this aspect are shown in figure 12 
where after integration along the stereographic axis, the 
normalized intensities of A and BC textures are represented. 
Obviously the (002) plane orientation is merely developed for 
mode A, conversely to the “isotropic” picture found for mode BC.    
2.3.2 Hydrogenation kinetics and H-uptake of ECAPed AZ31 
samples 
Hydrogenation kinetics measurements were recorded on all the 
SPD processed AZ31 samples using a Hera PCI system after a 
short time powdering the fragile ingots was operated using a 
SPEX miller [70,71]. The applied conditions were 2 MPa at 
absorption and 15 kPa at desorption working at 350 °C. 
Interestingly, a general result was received allowing compare 
effects along mode A and BC respectively whatever the number 
and temperature of passes are. Systematically the A processed 
sample kinetic traces reveal an initial incubation time for up to ~ 
1 hour, a phenomenon never affecting the BC mode processed 
samples. Two other characteristics have to be underlined. After 
15 h recording time, the max- hydrogen uptake of 7.6 wt% was 
almost reached for all samples processed via mode BC, the best 
being effectively the most ECAPed at the highest temperature 
(275 °C). Conversely H-uptake appears less effective for all the 
A-processed samples. Moreover, as was already underlined 
from numerical simulation, the mode BC appears more effective 
ready in term of strains implementation than samples mode A. 
We anticipate that the different established textures could play 
significant roles on both the hydrogen diffusion and 
hydrogenation process. Figure 13 shows typical examples of 
hydrogen absorption kinetic traces for differently processed 
samples. It can be seen that even processed at 275 °C, the 3 
passes mode-A sample absorbs less effectively hydrogen than 
the 8 passes mode-A one. Conversely the 175 °C and the 275 
°C for 3 passes mode-BC samples exhibits very similar 
absoption kinetics, both the profiles being much faster than the 
A-processed one. In fact an additionnal – but limited - gain in 
kinetics is observed when the BC-sample is processed at 275 °C. 
For these last samples, almost a complete hydrogen saturation 
(~7.4 wt%) is reached after 15 hours of treatment. A 2nd 
absorption cycle was systematically applied to all samples in the 
same (P,T) conditions. Then it is important to mention that no 
incubation process (no delay) is noticed for the A-processed 
samples. Besides, if the initial kinetic is improved for all samples 
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5-8% comparison made with the 1st cycle. From both 
observations, it can be anticipated that the microstructure has 
been somewhat modified during the (long) exposure at 350 °C in 
the titration set-up. It can be underlined that such a weak 
reduction of uptake was already observed, but plain 
performances were restored after implementation of a few H/D 
cycles [72], since the microstructure was again optimized. 
 
 
Figure 13. a: hydrogen absorption rate (H/M wt%) versus time as after ECAP 
process at 275 °C (triangle) for 3 passes (triangles) and for 8 passes 
(squares), respectively; b: Hydrogen absorption rate (H/M wt%) for BC ECAP- 
treated billets:  3 passes at 175 °C (black) and 3 passes at 275 °C (red); c: for 
a sample processed 8 passes at 275 °C (red). 
 
After the 1st absorption process, the samples were submitted to 
desorption. All samples react rather fast with a 90% hydrogen 
release in 30-50 min. Once more the best samples were those 
SPD-treated via the BC mode and the faster at absorption the 
faster at desorption. A selection of desorption traces are 
presented in Figure 14, corresponding to the 2nd cycle. It can be 
seen that 90% to 95% of the absorbed hydrogen is then 
desorbed within 30 min. 
 
Figure 14.  Comparison of the 2nd  desorption rate traces (H/M wt%) of :a - 3 
passes mode-BC route ECAP treated at 175 °C and at 275 °C; b - 8 passes 
ECAP-treated at 275 °C for comparison of A and BC routes 
 
The 3p-BC mode presents a more effective desorption rate when 
being processed at the lowest temperature (175 °C) than at the 
highest one (275 °C) as shown in Figure 14a. Besides after 8 














This article is protected by copyright. All rights reserved.






at the highest temperature (275 °C) lead to very similar 
behaviors as shown in Figure 14b. 
2.3.3 Modelisation of sorption properties 
Both the absorption and desorption traces were tentatively 
modeled thus using either Jander, Johnson-Avrami-Melh-
Kolmogorov (JAMK), Gistling-Broushtein or other kinetic laws 
[73]. No unique model can be retained as well fitting for both the 
absorption and desorption processes. Contrarily to 
homogeneous long time BM powders, it is obvious that the rapid 
mechanical treatments applied here – even if severe – have not 
installed a so homogeneous density of strains, defects and grain 
sizes distribution within large dimension samples. However, two 
regimes have been found suitable for the different absorption 
traces : 1) for the first period of hydrogenation all the traces 
agree well with a nucleation-growth model i.e. (-ln(1- ξ))2 = kt, 
and 2) for the approach to saturation an interface propagation at 
diffusion surface area can be considered for. In fact it is not 
possible to chose between the two progression laws (1-(1-ξ)1/3)2 
= kt (constant diffusion surface) and 1-2/3 ξ - (1- ξ)2/3= kt (non-
constant diffusion surface), probably because of some relative 
inhomogeneities in the particle sizes and shapes.   
Lets consider both the filling value ξL where the propagation 
interface regime succeeds to the initial nuclation regime and the 
deformation factor DF defined as NP x TP (NP the number and TP 
the temperature of pass). Plotting ξL versus Log (DF) results in 
linear variations for both the 1st and 2nd cycle. These behaviors 
can be interpreted as follows for the 1st hydrogenation cycle: 
1) The microstructure is made finer and finer and the density of 
strains is increased by an increasing number of passes, a similar 
result is received when increasing more and more temperature 
as shown in Figure 15, 
2) Similarly the size of crystallites decreases parallel, 
3)  According to ref. [74] relative to hcp Mg deformations, at 
lower temperature the deformation regime leads to a major 
formation of high dislocation densities, conversely a higher 
temperature, the deformation results in less and less creation of 
dislocations, benefit made to formation of twins. 
Consequently, the density of nucleation centers is made more 
and more important when the deformation factor (DF) increases. 
Therefore, the Johnson-Mehl-Avrami-Kolmogorov (JMAK) model 
becomes the predominating one and  thus ξL increases 
accordingly. As a matter of fact, the BC mode is the most 
effective immediately after a limited number of passes. Besides 
as seen in Figure 15 for long number of ECAP treatment both 
the respective variations of ξL converge to the same value (less 
and less difference in the A and BC processing route). So, it can 
be anticipated that at 275 °C, both ECAP treatments will be 
made equivalent and a fully JMAK mode (nucleation-
propagation) will be definitively installed to provide about 14 
passes that are applied to the sample. For the 2nd hydrogenation 
cycle, the variation of ξL versus log(DF) appears as a reversed 
reference to the 1st hydrogenation one but, exhibiting a less 
marked variation. This reversed behavior is not surprising since 
during the rest time for hours at 350 °C, a dynamic 
recrystallization can take place, and the subsequent grain 
growth will be made at the expense of the smallest particles and 
the corresponding nucleation centers. So, for a part the JMAK 
process of absorption kinetic is found partly substituted by a 
Jander’s type process of interface propagation. 
   
     
 
Figure 15. Limit value ξL of  change in kinetic the mode vs log(DF). Blue dots 
are for ECAP mode A, red dots are for ECAP mode BC, a: 1st hydrogenation 
cycle b: 2nd hydrogenation cycle (few experimental data) 
 
2.3.4 Discussion on Mg-MgH2 ECAP process 
Conditions for easing hydrogen uptake in bulk Mg and its alloys 
such as AZ31 have been realized by using a Severe Plastic 
Deformation technique. ECAP can be successively applied to 
bulk materials for mass and rapid production. In the present 
study, the refinement of grain and crystallite sizes, the 
realization of high density of defects, the formation of texture are 
found as the key parameters that allow good  
hydrogenation/dehydrogenation kinetics. For the first time, a 
microscopic mechanism allowing a better understanding of the 
absorption kinetics is proposed. If effectively measured kinetics 
remain rather low in comparison to those obtained by Ball Milling 
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performance is not so detrimental for mass storage application 
of MgH2. In fact, the driving parameter for the optimum 
management of a medium to large scale of MgH2 based tank is 
not the sorption kinetics but the heat management of the 
exothermic/ endothermic processes [75,76]. So, too fast reacting 
materials can make operating the system more difficult. Besides 
the maximum hydrogen uptake of 7.6 wt% was almost reached, 
comparison made with the non-ECAP-treated AZ31 (~0.5 wt% 
for 15 h absorption and for 2 h desorption). However, a good 
compromise can be expected with introduction in the based alloy, 
of some amount of additives that could be inserted by SPD as 
effective interfaces, e.g. in the grain boundaries. 
2.3.5 Fast forging of Mg-Ni powders 
Fast Forging is operated at a lab scale by using the forge 
pictured in Figure 16a on a cylindrical sample. The hammer of 
mass 150 kg, falls from ~1.5 m on a piston in direct contact with 
the sample setting on an anvil disposed in a specially designed 
chamber as shown on Figure 16b. In the chamber, evacuated 
then filled with 5N purity Ar gas, the sample can be easily 
heated by means of a high frequency coil, the temperature being 
measured using a two wave-lengths optical pyrometer. The Mg-
based sample - 13 mm diameter x 20 mm height - is forged at 
the rate of 5 x 10-3 sec., typically resulting in a flat disk - ~ 30-35 
mm diameter x 2 mm thickness -. In order to avoid a burst effect 
of matter at shock, which could result in less mechanical energy 
transmitted to the sample, the latter is inserted in a thin wall Cu 
or Fe sheath as illustrated in Figure 17. The starting samples 
here considered were mixtures of powders: Mg (40-100 µm, 
98.5% purity from McPhy) and Ni (30-40 µm, 99.5% purity from 
Neyco. Different compositions were prepared with 14, 22 and 50 
wt% Ni… first actively mixed, then compacted in a die using a 1 
T/cm2 press and finally inserted in metal sheaths, as shown in 
Figure 17 a,b,c. From forging experiences, the Fe cylinders were 
preferred to the Cu ones, allowing a better compactness, since 
less ductile than Cu, additionally when heated with the sample. 
 
 
Figure 16: Fast Forging instrument with a - the hammer, the chamber and 
ancillaries, b –details on the chamber with the piston, HF heating coil for the 
sample, window for pyrometer temperature measurement. The chamber is 
maintained under high purity Ar atmosphere during forging (see down) 
 
 
Figure 17: Preparation of the Mg-Ni sample, a – dying the mixture of powders, 
b – pressing pellets up to 1 T/cm2, 3 – a cylinder pellet is inserted in  13 mm 
diameter sheath (Cu or Fe). 
 
A very important parameter to be considered during the SPD 
process by Fast Forging is the effective temperature of the 
sample  at shock; a noticeable part of the kinetic energy is 
transformed to heat. An estimate of the increase of temperature 
was computed [77], indicating at least 100 °C more than that 
maintained due to the external heating. Another aspect difficult 
to account for is the instantaneous dissipation rate of heat in the 
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why most experiences were made heating the sample a various 
temperatures, from RT to less than 500 °C. 
 
2.3.6 Fast Forging as a fast alloying technique 
 
As a general result, the fast forging process based on the initial 
14 and 22 wt% Ni was received as a mixture of 4 phases: the 
hcp Mg, an alloy which composition is related to the eutectic one, 
the Mg2Ni compound and the fcc Ni. Determining factors are the 
proportions in the initial mixture but the temperature of forging 
directly monitors the reaction and the final repartition of the 
phases. For example, a 22 wt%-Ni sample fast forged at ~ 
480 °C reveals presence of the 4 phases; however, with a few 
amount of metal Ni only, as shown on Figure 18. From XRD 
analysis hcp Mg is seen with a marked texture favoring the (002) 
line. Conversely the hexagonal compound Mg2Ni (space group 
P6222 a = 0.5216 nm, c = 1.320 nm) which was developed in-
situ during the forging exhibits insignificant texture and only a 
few amount of Ni remains can be identified by the weak (111) 
line. 
Depending on the temperature applied to the sample at fast 
forging, the proportions of the different phase are modified and 
higher the temperature is lower in the pure Ni content, even 
being absent due to its total conversion in Mg2Ni. Typically the 
fast forged binary “22 wt% Ni” materials could be composed of ~ 
69% of Mg and ~ 31% of Mg2Ni when operating at temperatures 
lower enough to prevent any melting of one or both the received 




Figure 18: SEM picture of a 22 wt%-Ni sample fast forged at ~ 480 °C 
revealing presence of the 4 phases – black is ~ Mg, grey dark is ~eutectic 
composition, light grey ~ Mg2Ni and white is  ~ Ni. 
 
  
2.3.7 Hydrogenation of Fast Forged Mg-Ni composites 
 
Hydrogenation of the fast-forged compounds was operated 
using a Hera PCI. Here are presented some aspects of the 
kinetic process. The hydrogenation at 325 °C under 2 MPa H2, 
of the 14 wt%-Ni and 22 wt%-Ni containing materials as forged 
at about 480 °C, were operated first. Since numbers of H/D 
cycles must be applied to improve the H-uptake of both samples, 
it appears that the former absorbs ~1.9 and the latter ~3.1 wt% 
H at the 10th cycle after ~1/2 h rest time. Figure 19a shows the 
progression of both the uptakes for the two samples. Obviously 
both performances remain far from the maximum uptake (~6.8 
and 6.3 wt% respectively). However, it is worth to note that the 
less Ni doped material exhibit the weakest acceleration in terms 
of kinetic improvement with the number of cycles, 
notwithstanding a larger theoretical Hmax. This may agree with a 
conclusion of ref. [78] for which after ECAP, Ni-supersaturated 
and deviation from stoichiometry in small Mg2Ni grains can lead 
to chemical in-homogeneities improving hydrogen storage. 
However, please note that the here used FF technique induces 
the formation of Mg2Ni from Mg and Ni grains in one shoot, but 
conversely HEBM, HPT and ECAP are accumulative techniques 
of different type defect density and reduction of the grain size as 
demonstrated in Part II and experimented in refs. [79-82]. 
 
 
Figure 19. Amount of absorbed hydrogen (in wt%) versus the number of 
hydrogenation cycles at 325 °C under 2 MPa H2 a - for Mg/Mg2Ni composites 
fast forged at about 480 °C with: blue  - 14 and red - 22 wt% Ni, b - for 
Mg/Mg2Ni composites (22 wt% Ni) fast forged at: red – 480 and blue ~400-
450 °C. One more cycle operated at 345 °C the latter exhibit a net 
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Figure 20. DTA analysis of a 22 wt% Ni fast forged at ~ 480 °C showing the  
Mg2NiH4 → Mg2NiH0.3 transformation in the range 240 °C  to 350 °C followed 
by the MgH2 desorption starting at ~ 360°C. Additionally the eutectic melting 
was recorded at ~ 506 °C. 
 
Figure 19b allows compare the H-uptake progression at 325 °C 
under 2 MPa H2, of two 22 wt%-Ni containing materials, 1 - 
shown above as FF at ~480 °C,  2 – as FF at lower temperature 
(est. 400-450 °C) with more Ni remains. After 10 to 12 H/D 
cycles, the Huptake remain close to 3.1-3.3 wt%. But  the 2nd 
material is cycled one more but at a higher temperature of 
345 °C and immediately the Huptake is found larger close to 3.75 
wt%. 
This means that for this type of fast forged materials without any 
repetitive nano-structuration, the thermodynamic equilibrium 
between different non-hydrogenated and hydrogenated phases 
reveals obviously critical as shown on DTA traces on figure 20. 
In fact, between 240 °C and 350 °C, Mg2NiH4 transforms to the 
hydrogenated solid solution Mg2NiH0.3 [83,84], immediately after 
the desorption process of MgH2 starts at 360 °C. Reversely, 
according to hydrogenation processes, synergic 3-active phase 
effects were proposed in [85-87] from in-situ experiments and 
mainly argued in a critical temperature range apart 350 °C [88]. 
 
To summarize, the Fast Forging technique was used to generate 
in one shoot interpenetrated Mg/MgNi2 microstructures from 
initial mixtures of Mg and Ni powders. Indeed, both temperature 
and rate of forging are determining parameters leading control 
the metallurgical state of the as received material, i.e. the 
potential reactivity with hydrogen. Anyway, as for many other 
MgNi2 based materials, the reaction with hydrogen was found 
rather slow and depending on several factors such as the initial 
Mg/Ni ratio, temperature of the sample, the H2 gas pressure, the 
number of H/D cycles. As well, the formation of a corresponding 
mixture of MgH2 and Mg2NiH4 is pressure and temperature 
dependent, where the solid solution Mg2NiH0.3 should actively 
take part in the hydrogen transfer. So, many parameters have to 
be adjusted and corresponding properties analysed to make 
performant and really up-scalable this original technique. 
 
 
3. Theoretical approach to destabilization of 
hydrogen storage materials 
3.1 Review of theoretical studies of MgH2 
A number of theoretical and computational investigations of 
MgH2 and related systems have been reported.  
Stander and Pacey [90] performed a Born–Mayer type of 
calculations of the MgH2 lattice energy assuming that compound 
is purely ionic. The obtained energy value was larger than the 
experimental one and this discrepancy was interpreted as 
indication of a covalent bonding contribution to MgH2.  
Noritake et al. [91] confirmed that bonding in MgH2 is a complex 
mixture of ionic and covalent contributions. Some additional 
information about MgH2 was recently obtained using vibrational 
spectroscopy and ab initio calculations [36].  
Ab initio calculations of Schimmel et al. [92] suggest that 
hydrogen diffuses through the Mg metal phase, jumping 
between octahedral and/or tetrahedral interstitials. They have 
also demonstrated that for large metallic particles and low 
temperatures, hydrogen diffusion through the Mg metal is not 
expected to be the limiting factor of H kinetics, unless hydrogen 
enters Mg matrix merely via small catalyst particles, lowering in 
that way the cross section of the H diffusion channels. 
Some other Density functional theory (DFT) based calculations 
performed to study the formation and diffusion of H vacancies on 
MgH2 surfaces and in the bulk [93] suggest that surface 
desorption is more likely the reaction rate limiting step than H 
diffusion. Consequently, finding an effective catalyst, which 
could facilitate H desorption from the MgH2 surface, is crucial for 
improving its overall sorption performances.  
The transition metals have been used as catalysts for hydrogen 
sorption, to support the breakup of molecular hydrogen into 
atoms and their moving into, or out of MgH2 [41,57,94-100]. 
However, the observed catalytic mechanism is still not 
adequately explained. Despite numerous theoretical simulations 
taking into account the substitution of Mg in MgH2 compound 
and MgH2 clusters with transition metal (TM) atoms [101-105], a 
further improvement of the hydrogen kinetics requires a full 
knowledge of intrinsic mechanisms by which TM alloying affects 
the compound properties. 
3.2 Methods used in theoretical research 
The theoretical research presented provides a detailed insight 
into the mechanisms that determine different interactions in pure 
and doped metal-hydride systems – potential candidates for 
hydrogen storage in solid state. Systems based on magnesium 
hydride doped with the entire 3d TM series were studied 
[106,107]. Electronic properties of these systems were obtained 
using linearized augmented plane wave (LAPW) [100] and 
projector augmented wave (PAW) [101] methods for accurate 
and efficient solving of the DFT equations.  
For the most of the calculations presented in this review the 
LAPW method has been used, as implemented in WIEN2k code 
[110]. The method is well known for its robustness and 
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unit cell partition to non-overlapping atomic muffin-tin spheres, 
where the fast oscillating wave functions are described with 
atomic-like functions, and interstitial space where the plane 
wave expansion is used. The linearization in energy is another 
simplification of the problem, with a small error being introduced 
as a price payed for a large speed-up of the method. 
Abinit code [111] and Troullier-Martins pseudopotentials [112] 
were used for all calculations in the investigation of H vacancies 
mobility near the surface of MgH2. The same code and its PAW 
implementation have been used for transition metal doped MgH2 
additional calculations. 
Carr-Parinello method molecular dynamics has been performed 
as implemented in pseudopotential based CPMD code [113,114]. 
Special emphasis was placed on the examining properties of the 
charge density scalar field ρ(r) within a frame of Quantum 
Chemical Topology (QCT) methods [115].  
The first method used is the Quantum Theory of Atoms in 
Molecules (QTAIM), as proposed by Richard Bader [116]. Its 
foundation lays on the topological analysis of the charge density 
- ρ(r), by which the space of a molecule or a crystal structure 
can be divided in a unique way into basins corresponding to 
atoms of investigated system. Scalar field of charge density and 
its gradient vector field contain, by definition [117], complete 
information about the ground state of a molecular or a crystal 
system, its bond properties, cohesion, and stability. The 
topological analysis comes down to solving so called the zero-
flux surface equation and finding a set of points in which the 
charge density flux is equal to zero. In this way one gets the 
lowest of the valleys and the highest of the hills of the charge 
density, respectively one can obtain stationary (critical) points, a 
local maximum, minimum or saddle of ρ(r). These points 
correspond to the elements of structure and reveal the concept 
of atom, bond and structural stability.  
The second method used in investigation of these systems is 
complementary to QTAIM and called the Non-Covalent 
Interaction (NCI) approach. This method also relies on 
investigating properties of ρ(r) throughout the quantity called 








      (1)  
and enables identification and visual representation of various 
electronic and electrostatic interactions in real space [118,119]. 
Meaning of RDG becomes much clearer by taking into account 
that this quantity has a profound importance in constructing 
generalized gradient approximation (GGA) functional in DFT and 
represents a measure of local deviation of ρ(r) relative to 
homogeneous electronic gas. A comparative analysis of s and ρ 
is then able to give insight into different interactions and to place 
them in the corresponding part of the real space: high s and low 
ρ define the "non-interacting" region, low s and high ρ the 
domain of covalent interaction and low values of both quantities 
identify "non-covalent" interaction region. By introducing a sign 
of the second eigenvalue of Hessian matrix - sgn(λ2) into 
analysis, one can also gain additional information about an 
interaction in the "non-covalent" region by presenting RDG as a 
function of sgn(λ2)ρ [120]. Negative values of λ2 are indicative of 
bonding interactions since charge density is locally accumulated 
in that case.  
3.3 Pure MgH2 
The beta MgH2 crystalizes in tetragonal rutile type structure, with 
the symmetry of space group P42/mnm (No. 136) (see figure 21). 
There are total of 6 atoms per unit cell. Every Mg atom at 2a 
(0,0,0) position is surrounded with 6 H atoms in the vertices of 
slightly distorted octahedron, with four coplanar atoms in basal 
plane and two (top and bottom) atoms at similar distances, while 
every hydrogen atom at 4f (x,x,0) position is surrounded with 
three coplanar Mg atoms with nearly perfect 120° angle 
separation. Hydrogen sites possess additional internal degree of 
freedom. Experimental lattice parameters are a=b=0.4501 nm 
and c=0.301 nm, while the free fractional coordinate is x=0.304 




Figure 21. Unit cell of beta MgH2. Mg – blue spheres, H – white spheres. First 
coordination octahedron is colored orange. H4 and H2 stands for four coplanar 
and two (top and bottom) H atoms in the first coordination octahedron. 
Detailed electronic structure of MgH2 obtained using LAPW with 
GGA exchange correlation potential as parametrized by Perdew, 
Burke and Ernzerhoff [122] is presented in Figure 23 [107]. 
Distinct feature of MgH2 electronic structure is a broad energy 
gap (Eg) of 3.8 eV. There is, however, a discrepancy between 
experimentally obtained value of 5.16 eV [123] or 5.6 eV [124] 
and theoretical results, an issue generally attributed to the 
calculation method and to the choice of the exchange-correlation 
potential (GGA is known to underestimate Eg width and to some 
extent the valence band width. The valence band is composed 
mainly of strongly hybridized H-s and Mg-3p states, with two 
distinct peaks, the one positioned at -2 eV and the other just 
below the Fermi level. The origin of multiple peak structure is 
sometimes attributed to additional H-H interaction. The bottom of 
the valence band comprises of some Mg-s states as well, with a 
maximum at -4 eV. The conduction band (EC) bottom is 
predominantly of Mg-p, and to some extent of Mg-s origin. 
The obvious way to analyze charge accumulation/depletion at 
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charge integration over MT spheres. The value of results 
obtained is often disputed due to the fact that MT radii are 
arbitrarily chosen (with some obvious constraints), but still they 
can serve as a rough description of processes taking place 
during formation of chemical bonding. In pseudopotential 
calculations of MgH2, Yu et al. [123] determined ionic radii 
assuming that nearest neighbor (NN) ions are in immediate 
contact with each other and found values of 0.06 nm and 0.126 
nm for Mg and H, respectively. The ionic charges calculated 
using MT radii are +2 for Mg and -0.6 for H, providing a picture 
of an almost purely ionic compound and the interstitial charge is 
1.6 e/unit cell. Trends of the charge confined inside the Mg and 
H MT spheres, (+1.93 e for Mg, -0.34 e for H, with 3.85 e in the 
interstitial region) go toward results of [123] and known empirical 
relations between the ionic radii of Mg and H and their charge 
states [91].  
 
 
Figure 22. Detailed electronic structure of beta MgH2. Reproduced with 
permission from N. Novaković, Lj. Matović, J. G. Novaković, I. Radisavljević, M. 
Manasijević, B. P. Mamula, N. Ivanović, Int. J. Hydrogen Energy 2010, 35(2), 
598-608 [107]. 
It should be noted that calculations of the hypothetical 
compound consisting of H atoms alone, placed at same lattice 
positions as in original MgH2 have provided energy bands with a 
narrower valence band and a significantly larger energy gap 
(around 5 eV). This is connected to the determined strong Mg-H 
hybridisation and the fact that bottom of the conduction band is 
predominantly of Mg- character.  
Valence charge densities in (110) (above) and (001) (below) 
crystallographic planes are presented in Figure 23. Mg atoms 
are strongly charge depleted with ‘‘borrowed’’ charge not 
completely located at distinct H ions, but shared between the 
two neighbour H’s promoting a resonant bonding between them. 
This feature is visible also in the (001) plane. Such a charge 
distribution suggests that besides a dominant Mg-H ionic 
contribution, the H-H bonding contribution to the compound 
stability is not negligible. 
In Figure 24 some of the results of QTAIM  charge density 
analysis are given for MgH2. Blue lines correspond to Mg-H 
bonding paths, while red one correspond to found H-H bonding 
path. Blue open circles correspond to bonding critical points 
(bCP), while green correspond to ring critical points (rCP). Non-
intersecting red lines around atomic positions uniquely define 
zero flux surfaces of charge density gradient and “atoms” 
boundaries in the crystal lattice. As expected, there are six bCPs 
around each Mg and three coplanar bCPs around each H atom. 
Very important feature of the presented topology is the existence 
of the bCP between the closest H atoms in the basal plane of 
the MgH2 unit cell, thus indicating the existence of H-H bonding 
in MgH2. Although H-H bonding distance is quite long and this 
interaction is rather weak, it gives a non-negligible contribution 
to dominantly ionic cohesion of MgH2 [123-126]. 
 
 
Figure 23. Charge densities of MgH2 in [110] and [001] planes. Reproduced 
with permission from N. Novaković, Lj. Matović, J. G. Novaković, I. 
Radisavljević, M. Manasijević, B. P. Mamula, N. Ivanović, Int. J. Hydrogen 
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Figure 24. Charge density isolines (green), superposed to vector field lines of 
charge density gradient (red) in (110) and (1-10) crystallographic planes of 
MgH2. Blue hollow circles are bonding critical points, green are ring critical 
points  Reproduced with permission from B. P. Mamula, J. G. Novaković, I. 




Figure 25. Reduced gradient density as a function of sgn(λ2)ρ in the first 
coordination polyhedron of Mg atom in pure MgH2. Blue arrows indicate 
positions of characteristic details of ρ(r) compared to the results from 
topological analysis. 
NCI plot for the first coordination polyhedron of Mg atom in MgH2 
is presented in Figure 25 along with indicated positions obtained 
from a topological approach.  
On the left side of NCI plot, there are three minimum values of 
reduced density gradient s(ρ) indicative of bonding interactions. 
Along the direction between the nearest neighbours Mg-H2 and 
Mg-H4 there are bCP’s that almost coincide in value and there is 
also interaction between second neigbours H4–H4. In this NCI 
plot there are also two peaks approximately with the same value 
(|ρ|~0.08) both on the negative and on the positive side of 
sgn(λ2)ρ. According to the standard interpretation in this method, 
these peaks define non-interacting regions since they do not 
fulfill the zero gradient condition and thus are not critical points. 
Another way to display results presented in Figure 24 is to plot 
three-dimensional isosurface for chosen s(ρ) value, which allows 
an insight in spatial localization and distinction of bonding (blue) 
and non-bonding (red) interactions like in the two-dimension 
RDG plot. Values of s(ρ) in Figure 26 are chosen to emphasize 
details of interest. Blue disks match areas around bCP (Mg-H4) 
and blue-red areas along the direction between H4 atoms 
correspond to the rCP-bCP sequence. Non-interacting regions 
between H2 and H4 second neighbour atoms are tiny red-blue 
areas the most obvious for s=0.22 and are, in fact, symmetrical 
relative to (110) and (1-10) plane and are a part of redistribution 




Figure 26. NCI isosurface in the first coordination polyhedron of Mg atom in 
MgH2. Golden central sphere is Mg atom and white ones are H atoms. From 
left to right values of s(ρ) are 0.22, 0.3 and 0.4. 
3.4 Vacant MgH2 - surface and bulk mobility of H atoms 
and vacancies 
Answering the question which of several desorption/absorption 
steps are responsible for slow kinetics has been the subject of 
numerous research papers.  Comparison of the theoretical and 
experimental results led to the conclusion that the rate-
controlling step of the MgH2 dehydrogenation is surface 
recombination of hydrogen [127,128]. Du et al. have found that, 
among several candidates, (110) MgH2 surface has the lowest 
energy barrier for the recombinative hydrogen desorption. They 
have performed NEB calculations and determined that barrier for 
the H-vacancy diffusion from the surface to the subsurface 
layers is around 0.7 eV, much smaller than the hydrogen 
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[93,129]. Investigation of the charged native point defects in 
MgH2 and indicates that in absence of impurities and under 
extreme H-poor conditions, the lowest formation energies are for 
positively and negatively charged hydrogen vacancies. In 
extreme H-rich conditions, the lowest formation energies are for 
negatively charged magnesium vacancy and negatively charged 
interstitial hydrogen. The hydrogen-related vacancies are found 
to be highly mobile, with migration barriers between 0.10 and 
0.63 eV, depending on the vacancy type [130].  
However, little data exists about the dependence of the H 
desorption energy and the sub-surface vacancies formation 
energy on the number and distribution of surface H atoms. In 
this work we present the results of calculations of these 
dependences for the (110) MgH2 surface, that provide all the 
details necessary to understand the H-desorption kinetics from 
MgH2 at high concentration. 
In our theoretical study of vertical and horizontal mobility of H 
vacancies, we have found that the observed trend of monotonic 
slow increase and saturation of vacancy formation energy at 
subsurface atomic layers further away from the surface is similar 
to the one observed in the literature [93,129]. The situation is 
completely different for lower surface H coverage (see figure 27), 
with the vacancy formation energy considerably lower in the 1st 
and especially in the 2nd layer (1.11 to 1.35 eV). The formation 
energy of H vacancy in the 6th layer is again similar to the (a) – 
zavisi da li je konkretno fully covered surface, as expected, due 
to surface effects being “screened” by many atomic layers in 
between. The influence of surface coverage on surface barrier 
profile emphasizes the importance of rate of hydrogen 
recombination at surface in order to keep the surface as 
“hydrogen-free” as possible [132]. 
 
 
Figure 27. Neutral H- vacancy formation energies as a function of surface H 
coverage. Reproduced with permission from S. Kurko, I. Milanović, J. Grbović 
Novaković, N. Ivanović, N. Novaković, Int. J. Hydrogen Energy 2014, 39(2), 
862-867 [131] 
Influence of surface coverage on subsurface hydrogen 
vacancies is investigated thoroughly down to third atomic layer 
(Figure 28). It has been found that the lowest H vacancy 
formation energy is obtained for only one surface vacancy 
present (25% surface coverage in the model). The results also 
suggest that the most mobile are the vacancies in the vicinity, or 
immediately under the surface vacancy. 
These results suggest that maintaining the optimal surface 
concentration of H atoms during the H-desorption process is 
crucial for the improvement of H desorption kinetics. This could 
be done, for instance, by incorporation of suitable impurities, or 
defects, at the (110) MgH2 surface and in the immediate 
subsurface layers, which would facilitate the initial stages of the 
H-desorption process (surface vacancies creation) and control 
the subsequent H-diffusion from the bulk toward the surface.  
During hydrogen desorption from MgH2 thin films [38], a change 
in the colour and brightness of the samples was observed, 
before the metallic phase was formed. We have performed 
calculations of the optical properties of bulk MgH2 with different 
concentrations and different possible charge state of H-
vacancies (figure29).  
 
 
Figure 28. Horizontal neutral H vacancies mobility expressed using vacancy 
formation energies of different surface and subsurface configurations. Position 
on th ex axis correspond to configurations with vacancies further away from 
surface  Reproduced with permission from S. Kurko, I. Milanović, J. Grbović 
Novaković, N. Ivanović, N. Novaković, Int. J. Hydrogen Energy 2014, 39(2), 
862-867 [131] 
The results show that even at modest H concentration (~3.125 
at% in this model) visible region of spectra is influenced 
considerably. The widening of vacancies states due to 
vacancies concentration increase during desorption process will 
have more profound effect on adsorption of MgH2. This means 
that changes in colour, brightness, and the partial loss of 
transparency of the samples can in principle be explained by the 
appearance, position, structure, and width of the H-vacancy 
band within the electronic structure energy gap. The proposed 
explanation also supports previous experimental findings 
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Figure 29. Wavelength dependence of absorption of MgH2 with H-related 
defects. Reproduced with permission from Ž. Rašković Lovre, S. Kurko, N. 
Ivanović, J. F. Fernandez, J. R. Ares, S. Šturm, T. Mongstad, N. Novaković, J. 
Grbović Novaković, J. Alloys and Compd, 2017, 695, 2381-2388. [38] 
3.5 Modelling of hydrogen induced phase transformations 
in magnesium and hydrogen diffusion 
Another important problem that is difficult to solve experimentally 
is to follow the phase transformations that occur in Mg under 
hydrogen charging. When penetrating into hcp Mg hydrogen 
may occupy octahedral (O) or tetrahedral (T) sites. The hcp 
structure of MgHx exists in a very narrow hydrogen concentration 
range [133], and the hydrogen site preference is still 
questionable [92,134-138]. According to recent DFT calculations 
[139] at low hydrogen concentrations, x = 0.0625, in hcp Mg the 
T-sites are slightly more stable: the difference between the total 
energy values with hydrogen in T- and O-sites is 0.08 eV; 
however, with hydrogen concentration increasing the O-sites 
became more favorable.  
The theoretical studies of hydrogen induced phase 
transformations in Mg were reported by Tao et al. [136] and 
Klyukin et al. [140]. When calculating, the interstitial sites were 
filled in a subsequent manner to fulfill the criteria of the energy 
minimum. The heat of formation for hcp, bcc, fcc and rutile 
structures of MgHx versus hydrogen concentration x is shown in 
the insert of Figure 31.  
 
Figure 30. Energy diagram for H induced phase transformations in Mg; insert: 
heat of formation for various phases of MgHx.  Adapted with permission from K. 
Klyukin, M.G. Shelyapina D. Fruchart, J. Alloys Comp. 2013, 580, S10–S12 
[141]. 
As it is shown in the energy diagram, Figure 30, in the absence 
of hydrogen, hcp Mg is more stable; however, already at x ≈ 0.1 
a transition to fcc-MgHx occurs. The following H concentration 
increasing results in a transition to rutile-MgHx at x ≈ 1.5. As it is 
clearly seen, bcc-MgHx is unstable in the entire range of 
considered hydrogen concentrations, but at low x the difference 
in the energy values between bcc and hcp MgHx is not too large. 
It has been found that for all the studied systems [46], except 
bcc MgHx [141], hydrogen, when entering into magnesium, tends 
to occupy neighboring interstitial sites, forming a hydride layer 
that prevents further penetration of hydrogen into the 
magnesium lattice, the so called “blocking layer effect”. In bcc-
Mg it is more advantageous for hydrogen to occupy those 
interstitial sites, which are as far as possible from each other. 
Such a spreading of hydrogen over the bcc lattice, which is less 
compact relative to hcp and fcc lattices, may be responsible for 
both the increase of the hydrogen diffusion coefficient in bcc 
Mg1-xNbxH2 [141] compared to pure Mg and the acceleration of 
hydrogen sorption kinetics in Mg/Nb multilayers [142-144] and 
Mg-Nb (or Mg-V) composites [145,146,57]. Further theoretical 
modelling of hydrogen diffusion in different Mg phases [139] 
have supported this assumption.  
Earlier studies of hydrogen diffusion in hcp-Mg reported a rather 
large spread of values. For example, the diffusion coefficient at 
300 K, Dhcp(300 K), determined both experimentally [147] and 
theoretically [137,92] is between 4.09×10−13 m2/s and 9.75×10−11 
m2/s. Such a large discrepancy can be explained by the 
difference in applied theoretical approach and/or by the fact that 
hydrogen diffusion is strongly affected by the hydrogen 
concentration and presence of defects of various natures.  
Klyukin et al. [139,147] studied hydrogen diffusion in hcp-, bcc- 
and fcc-MgHx with two hydrogen concentrations  x = 0.0625 and 
0.5. First, the preferred hydrogen interstitial sites (tetragonal T or 
octahedral O) were determined. Second, for all the possible 
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Ea, that is the energy difference between the energy of an 
interstitial site (that can be global or local minimum) and the 
energy of a transition state between two interstitial sites, was 
calculated within the nudged elastic band method [148,149] 
accounting for zero-point energy. Finally, the hydrogen diffusion 
















    (2) 
This expression was obtained within a low temperature 
approximation,  ℎ𝜈 ≫ 𝑘𝑇 , supposing that there is a local 
metastable minimum along the diffusion path, and hence, H can 
stay in this metastable site before another jump occurs. ∆ET–O is 
an energy difference between the stable and metastable 
interstitial sites, for example, T- and O-sites, respectively; n is a 
numerical coefficient, whose value depends on the local 
symmetry of the interstitial site; L is the jump length projected 
onto the diffusion direction; 𝑘B is the Boltzmann constant; ℎ is the 
Plank constant; 𝛽 is a parameter that can be introduce to take into 
account the dependence of the diffusion coefficient on the hydrogen 
concentration [152]. The possible H diffusion pathways as well as the 
calculated Ea values are shown in Figure 31.  
For hcp-MgHx the minimal Ea value corresponds to a T1→T2 
jump; however, it does not correspond to any translational 
motion. Thus, hydrogen diffusion in hcp Mg is a many step 
process. For example, a possible diffusion pathway can be 
following: O2→T2→T1→O1→T1'→… (T1' site is situated in an 
adjacent unit cell).  The calculated Ea value for such a complex 
pathway agrees well with experimental data (0.25 eV) [153], but 
other calculations reported by Vegge [137] and Alapati et al. 
[154] resulted in the essentially lower values. In general case, 
the difference between the calculated and experimental Ea 
values is determined, first, by the high density of defects, and 
second, by inhomogeneous hydrogen distribution over the metal 
lattice. 
The hydrogen diffusion coefficient in hcp Mg at 400 °C 
calculated by Klyukin et al. [138] using equations similar to Eq. 
(2) was found equal to 1.07×10–8 m2/s that is in fair agreement with 
experimental value of 2.07×10–8 m2/s obtained by permeation 
techniques [153] and close to that one determined from molecular 
dynamics simulation (6.6 × 10–9 m2/s) [92]. 
 
 
Figure 31. Possible hydrogen diffusion pathways in hcp, bcc and fcc MgHx 
and corresponding activation energy values. Reproduced with permission from 
K. Klyukin, M. Shelyapina, D. Fruchart, J. Alloys Comp. 2015, 644  371–377 
[139]. 
As it was mentioned above, in Mg/Nb multilayers the metastable 
bcc Mg structure may appears in presence of Nb. Moreover, this 
structure is characterized by homogeneous hydrogen 
distribution. The calculations of the hydrogen diffusion pathways 
in bcc- and fcc-Mg lattices proved that bcc-Mg exhibits the 
lowest activation energy for translational hydrogen motion (see 
figure 31) and the highest diffusion coefficient at  400 °C [139].  
Summing up, theoretical studies allows us to propose the 
following schemes of the hydrogen induced phase 
transformations in magnesium [139]: hcp-Mg  hcp-MgHx  
fcc-MgHx  rutile-MgH2 or bcc-Mg  bcc-MgHx  fcc-MgHx  
rutile-MgH2, if the bcc Mg structure is stabilized. The latter can 
be realized either in presence of hydride forming elements with 
bcc structure, such as V, Nb [57], Fe [56,155], Ti-V-Cr alloys 
[156], FeS2 [157] or in pure Mg subjected to sever plastic 
deformation (SPD) [56,61,78,158]. Violation of the regular 
arrangement of atoms creates conditions for destabilization of 
the structure, and as a result, facilitates the progress of 
metastable phase transition. In a sense, this situation is 
observed in materials subjected to SPD: SPD creates a large 
number of defects of different levels (one or two dimensional) 
that can affect the stability of the crystal structure. 
3.6 Doped MgH2 
As previously stated, an obvious way to lower desorption 
temperature and to fasten the kinetics of the process is by 
mixing (typically using mechanosynthesis) with the small amount 
of nonmetals and metals (transition metals, their oxides, halides 
etc.). Whether they act as embedded dopants or catalyzers was 
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by limited computing resources, the common way to deal with 
interaction of metals and MgH2 was a simple doping model, with 
moderate dopant concentrations. This model explains the 
mechanism of electronic interaction, not the catalytic mechanism 
which functions at a much larger scale, typically at phase 
interfaces. There are theoretical researches; however, dealing 
with influence of dopants close to hydride surface and even at 
interfaces. Some of them will be mentioned here.  
3.6.1 MgH2 doped with boron 
 
Figure 32. Densities of states of MgH2 with Mg atom being substitutied with 
boron at different concentrations. Formulae corresponds (from top to bottom) 
to number of atoms in rutile unit cell, 5x1x1 and 2x2x2 supercells. The DOS of 
pure MgH2 is presented at the top for comparison.  Reproduced with 
permission from S. Kurko, B. Paskaš-Mamula, Lj. Matović, J. Grbović 
Novaković, N. Novaković, Acta Physica Polonica A 2011, 120, 238-241. [160] 
Boron belongs to a class of elements that can bind significant 
amounts of hydrogen and release it under mild experimental 
conditions. Boron-based materials, specifically boron hydrides, 
can store up to 19% hydrogen by weight and release it at the 
temperatures ranging from 100 °C to 400 °C or upon chemical 
treatment. Another related compound, Mg(BH4)2 is typical 
representative of earth alkaline borohydrides and was 
considered as a promising candidate for the hydrogen storage 
due to its high gravimetric storage density (14.8 wt%) and 
hydrogen binding enthalpy [159]. The drawbacks of  using this 
material for hydrogen storage are complicated and not fully 
reversible multiple-step desorption process, high desorption 
temperature and poor kinetics. The behavior of boron as 
substituent in MgH2 is another approach to eventually exploit 
some of the electronic properties of B-H interaction. 
Figure 32 shows total densities of states for MgH2 with B acting 
as substitution for single Mg atom at different concentrations, 
decreasing from top (25 at%) to bottom (6.25 at%) [160]. DOS of 
pure MgH2 is given at the top of the figure for comparison, 
obtained using pseudopotential method. Only the 6.25 at% 
system was found to be thermodynamically stable. At higher 
concentrations boron tends to coordinate itself tetrahedrally, 
resulting in considerably distorted first coordination octahedron. 
This distortion almost vanishes for sufficiently low concentration 
of boron, with almost identical, strong and short B-H bonds. The 
tetrahedral BH4 arrangement is expected to exist in the vicinity of 
surface, in accordance with experimentally observed BH4 ionic 
species in mass spectrometry during desorption [34]. 
3.6.2 MgH2 doped with transition metals 
There are numerous theoretical research reports concerning the 
nature of interaction between TMs and MgH2 matrix in TM-
doped MgH2 systems. Chen et al. [161] obtained that the H-H 
contribution to bonding is quite small - approximately 100 times 
smaller than the Mg-nearest neighbor H (nnH) one and that the 
shortest distance between H atoms in the cluster is three times 
larger than in H2 molecule. The authors have concluded that 
variations of ionicity are localized strictly around TM impurity and 
are almost TM atom independent, in strike contrast to what later 
calculations have shown. The main contribution to bonding was 
found to be ionic, while the ionic/covalent bonding ratio was 
determined as 7:3.  
Various authors have found that local structure around TM 
impurities is substantially changed due to their tendency to 
coordinate similarly to their elemental and complex hydrides.  
Dai et al. have found that Ti prefers both substitutional and 
interstitial sites, while Mn and Ni interstitial sites near the surface 
of MgH2 [132,162]. Ti alters its surrounding profoundly with the 
tendency to form the local structural arrangement like the one in 
stable TiH2 hydride. Mn tends to form Mn-H clusters with the 
structure similar to the one of Mg2MnH7, while Ni forms regular 
NiH4 tetrahedrons, as the precursors for the formation of the 
Mg2NiH4 phase.  
Er et al. [163] have shown that for TM (TM = Sc, Ti, V and Cr) 
concentration approaching x = 0.2 in MgxTM1-xH2 (much higher 
than those used in this work), the fluorite structure with cubic H 
environment becomes more stable than the rutile one. The 
charge of TM and its nearest neighbor H atoms in these 
compounds is weakly influenced by Mg and the particular crystal 
structure (rutile or fluorite), again in contrast to more recent 
calculations. Song et al. [164] have reported somewhat 
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Vegge et al. [165] have calculated some simpler crystal 
structures of MgTM (TM = entire 3d series) alloys and of their 
hydrides MgTMH3, with focus on electronic trends. In this paper, 
calculated enthalpies of formation revealed a gradual increase of 
the MgTM hydrides stability going from Sc to Fe, followed by a 
rapid decrease, causing MgNiH3 to be only marginally stable and 
MgCuH3 and MgZnH3 unstable. The two contributions to TM-H 
cohesion have been found: the attractive one originating from 
the downshift of the occupied bonding H(1s)-TM(3d) state and 
the repulsive one, increasing with the gradual filling of the 
antibonding states from MgMnH3 to MgZnH3. Giusepponi and 
Celino [166] have found that the interface adhesion energy and 
mobility of near surface hydrogen atoms are the decreasing 
functions of iron dopant distance from surface. 
Substitution effects are usually accompanied by a decrease in 
local symmetry. From this perspective the more flexible cluster 
approach can be used to study MgH2-TM systems. In addition, it 
can be applied to investigate the size effect on physical and 
chemical properties of nanoparticles. Wagemans et al. [167] 
studied MgnH2n clusters with n ≥ 56. According to their 
calculations, MgnH2n clusters with n < 10 should exhibit lower 
stability as compared to bulk α-MgH2, Figure 33. For instance, 
for a Mg9H18 cluster with size of 0.9 nm a hydrogen desorption 
enthalpy of 63 kJ/mol·H2, which corresponds to desorption 
temperature of 200 °C, was predicted. 
 
Figure 33. Calculated desorption energies for MgH2 clusters with both the 
Hartree-Fock (HF) method and DFT method (B97 functional). The energies 
are normalized per mole of H2 released. Reproduced with permission from R. 
W. P. Wagemans, J. H. Van Lenthe, P. E. De Jongh, A. J. Van Dillen and K. P. 
De Jong, J. Am. Chem. Soc. 2005, 127, 16675–16680 [167]. 
However, MgnH2n clusters with n < 19 have a rutile-like structure 
and exhibit desorption energy similar to that of bulk MgH2. The 
results obtained by Wagemans et al. [167] looks rather 
promising, nevertheless, in practice the synthesis of Mg 
nanoparticles of few nanometer sizes is a challenging task. Ball 
milling provides the minimal particle size of 500 nm that 
improves hydrogen sorption kinetics but not the thermodynamic 
stability. Further decrease in particle size is limited due to 
agglomerations and cold welding during the milling process 
[160]. Mg nanoparticles of < 5 nm size can be obtained by 
infiltration of nanoporous carbon with molten magnesium [169] 
or by electrochemical synthesis [170]. As it was predicted [167], 
they absorb hydrogen at near room temperature, and the 
corresponding hydrides desorb hydrogen at 165 °C, but the 
synthesis method is not appropriate for industrial production. 
 
Figure 34. Optimized structures of the non-substituted Mg13H26 and 
substituted Mg11TM2H26 clusters TM = Sc, …,Zn and the averaged Mg–H, TM–
H distances. The solid horizontal line represents the averaged Mg–H distance 
in Mg13H26. Adapted with permission from M. G. Shelyapina and M. Y. 
Siretskiy, Phys. Solid State, 2010, 52, 1992–1998 [173].   
The impact of TM additives on MgH2 stability within the cluster 
approach was studied in several works [171-173]. Larsson et al. 
[171] studied (MgH2)31 clusters with an Mg atom substituted for 
TM = Ti, V, Fe, or Ni. It was obtained that considered TM atoms 
exhibit rather different site preferences. A wider set of transition 
elements (TM = Sc … Zn) was studied in references [172,173] 
using a Mg13H26 cluster model that represents a fragment of the 
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Mg13H26 cluster the interatomic distances, the gap between the 
highest occupied and the lowest unoccupied molecular orbitals) 
and the enthalpy of hydride formation are close to those for bulk 
MgH2. A partial substitution of Mg for TM leads to a distortion of 
the shape of the cluster, less pronounced for TM = Sc, and 
increase in the Mg–H distances (except for TM = Co and Ni), 
Figure 34.  
The analysis of the TM–H bond lengths demonstrated that 
hydrogen is strongly bound to the 3d metal atoms. A 
comprehensive analysis showed that Sc, Ti, Cu, and Zn are the 
most promising additives to MgH2 in terms of hydrogen storage. 
In general, the results obtained within this cluster approach are 
in coherence with those of bulk calculations.  
 
 
Figure 35. Calculated distances from TM to atoms in the several nearest 
coordination shells for the entireMgH2:TM series. Reproduced with permission 
from B. P. Mamula, J. G. Novaković, I. Radisavljević, N. Ivanović, N. 
Novaković, Int. J. Hydrogen Energy, 2014, 39(11), 5874-5887 [106]). 
The results of bulk structural relaxation of the entire MgH2:TM 
series is presented in Figure 35 [106]. The experimental and 
calculated Mg-H nearest neighbor distances in pure MgH2 are 
given for comparison and marked with horizontal dashed line. 
The distances are proportional to calculated charge densities in 
bCP points along TM-H bonding path. In the same work, the 
trend in calculated excess charges (integrated over atomic 
basins) indicates an increase of open shell interactions share in 
the total TM-H cohesion compared to predominantly ionic nature 
of Mg-H bonding in pure MgH2. The trend in bCP charge density 
is compensated in second and almost completely absent in the 
third shell of TM coordination, which render the doping effect to 
be very local. 
The density of states (DOS) of MgH2 doped by TM also exhibits 
rather common features. Figure 36 schematically shows the 
changes in DOS that appear when Mg is partly substituted for a 
TM atom [174]: MgH2 is an insulator with an energy gap of about 
4 eV, Figure 36a; however, alloying with TM atoms results in 
appearance of a narrow d-band in the middle of the gap with the 
Fermi level (EF) within [176-179,104]. For TM = Sc or Ti this 
band is almost empty and EF is at the bottom edge of the band, 
Figure 36b, with further d-band filling EF shifts towards the top 
edge of the d-band, Figure 36c, and finally is completely filled for 
TM = Zn, figure 36(d). As it was shown by Shelyapina et al. [176], 
the d-states of TM are hybridized with s-states of hydrogen 
atoms that points out to a strong bonding between TM and H. 
 
Figure 36. A schematic representation of the impact of alloying TM atoms on 
the DOS in MgH2: (a) – DOS for pure MgH2, (b-d) for MgH2+TM with gradual 
filling of the d-band. Vertical dashed line represents EF. Reproduced with 
permission from M.G. Shelyapina, D. Fruchart, Solid State Phenom. 2011, 170, 
227–231 [174]. 
The bond weakening between Mg and H atoms in MgH2 with Mg 
partially substituted for TM is more evidenced from the electron 
density maps, Figure 37. However, a rather strong TM–H 
bonding limits further decreasing stability of MgH2–TM, and as a 
result, the decreasing of hydrogen desorption temperature [176]. 
A possible solution to overcome this problem is a partial 
substitution of Mg for atoms that, on the one hand, would form 
stable compounds with both Mg and TM, and on the other hand 
would form metastable hydrides. As shown in Ref. [177] for 
Mg6TiAl and Mg6TiZn and their hydrides substitution of Mg for Al 
or Zn leads to stabilization of the alloys with simultaneous 
decreasing stability of the corresponding hydrides due to the 
TM–H bond weakening, see Figure 37.  
 
Figure 37. Electronic density maps for Mg7TiH16 (left), Mg6TiAlH16 (centre) and 
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M. G. Shelyapina, D. Fruchart, S. Miraglia, G. Girard, Phys. Solid State 2011, 
53, 6–12,  [177]. 
Dominant role of ionic bonding in the TM-H interaction for TMs 
from the beginning (Sc, Ti) and the end (Cu, Zn) of the series is 
depicted by high values of Bader excess charge and low values 
of bCP charge density. Indications of significant contribution of 
open-shell bonding for Mn, Fe and Co are low values of Bader 
excess charge, high values of bCP charge density and quite a 
good agreement between the covalent radii-based and 
calculated TM-H distances. The observed reverse of the trend in 
bond length and bCP and excess charges can be explained by 
the details of electronic structure and the filling of antibonding 
states starting from the middle of TM series. 
RDG plots for the first coordination polyhedron of transition 
metal (TM) impurities Ti, Fe i Cu atom in MgH2:TM compared to 
pure MgH2 are presented in Figure 38.  
 
 
Figure 38. Reduced gradient density plots as a function of sgn(λ2)ρ in the first 
coordination polyhedron of Mg atom in pure MgH2 and Ti, Fe and Cu atoms in 
MgH2:TM. 
Comparing peaks on the negative side of sgn(λ2)ρ in MgH2 and 
those in systems with TM impurity, it is clear that first 
coordination of TM is much simpler. The only identified 
interaction is between TM-H nearest neighbor atoms, in 
accordance with results of QTAIM analysis. Higher values of 
charge density matching NCI peaks in the bonding region in 
MgH2:TM systems are a consequence of a larger contribution of 
interactions characteristic for open shell systems. This is an 
explanation for absence of interactions between H atoms in the 
first coordination of TM impurity. 
 
While charge density of the only attractive peak rises from Ti to 
Fe, the situation is somewhat different in case of Cu. 
Appearance of two distinct peaks on the negative side of the x-
axis for Cu and the fact that the largest value of charge density 
matches the lower peak are a consequence of significant 
distortion of the first coordination polyhedron of this TM. Cu-H2 
bond length is among the shortest observed between TM and H 
atom for all 3d metals. Non-interacting charge density region 
along the direction connecting closer H atoms in the second 
coordination around TM to a certain extent exists in the case of 
Fe and are almost completely absent for all the other transition 
metals which is in sharp contrast to situation in pure MgH2. 
NCI isosurfaces in the first coordination polyhedron of TM atoms 
for different values (Figure 39) are more diffuse compared to the 
ones around an Mg atom in MgH2. For low s values, regions in 
MgH2 and doped systems resemble, although regions around 
bcp(TM-H) are expectedly larger. Outside of the directions 
connecting TM and its first neighbours there are not many 
details, in accordance with the fact that critical points between 
second neighbors within the first PM coordination do not exist.  
For larger values or reduced charge density, the situation 
becomes more complicated, as a result of the redistribution of a 
larger amount of charge, which has been taken into account and 
the way in which this redistribution includes bonding, non-
bonding and antibonding states that are filled along the TM 
series. Although detailed analysis of NCI plot is a complex task, 
the pronounced difference between pure and doped MgH2 can 
be explained by distribution in TM-H bonds and ascending 
contribution of open-shell interaction in doped systems. 
 
 
Figure 39. NCI isosurfaces in the first coordination polyhedron of Ti (top), Fe 
(middle) and Cu (bottom) atom in MgH2:TM. Golden central sphere is TM 
atom and white ones are H atoms. From left to right values of s(ρ) are 0.3, 0.4, 
0.5. 
3.6.3 Body centred cubic magnesium stabilized in Mg/Nb 
multilayers: theoretical studies and experimental evidences 
Numerous studies have explored that hydrogen sorption kinetics 
of magnesium may be improved by several ways, for example, 














This article is protected by copyright. All rights reserved.






[180,103,145,142,46]. As magnesium does not form any bulk 
compound or binary alloy with Nb the issue of this phenomenon 
is not completely understood.  
In situ X-ray diffraction studies of dehydration process in MgH2-
Nb nanocomposites done by Pelletier et al. [180] helped a lot to 
expose mechanisms that are responsible for improvement of 
hydrogen sorption kinetics by Mg in presence of Nb. They have 
revealed that hydrogen penetrates and diffuses into Mg through 
the Mg/Nb interfaces forming intermediate metastable NbHx 
hydrides  [180]. Further studies of Mg/Nb multilayers [142] and a 
Mo/Mg/Nb/Pd/Mo/Al2O3 “nano tank” [143] have confirmed this 
result. It implies that Nb nanoparticles or thin deposits act not as 
a true catalyst but as a gateway for hydrogen delivery to Mg 
[180,143,144]. This experimentally obtained evidence stimulated 
theoretical studies of Mg/Nb multilayers and Mg/Nb interfaces in 
particular. 
Theoretical approaches mainly based on application of density 
functional theory and done for both bulk [107,175-178,181] and 
nanoparticles [161,172-174,182] have proved themselves as a 
powerful tool to reveal issues of the decreasing MgH2 stability 
when alloying Mg with transition metals (TM), including Nb: 
alloying TM leads to weakening bonding between H and Mg 
atoms with simultaneous increasing of TM–H bonding [174,176]. 
The latter limits further improvement of the hydrogenation and 
dehydrogenation properties of the ternary magnesium based 
hydrides [176,177]. Nevertheless, simulations of Mg/TM 
multilayers, as well as of the theoretical studies of the impact of 
TM additives on improvement of hydrogen sorption kinetics have 
not been so numerous until recently. 
Klyukin et al. [183] considered various structural models of 
Mg4/Nb4 and Mg6/Nb2 multilayers: Mg(bcc)/Nb(bcc) staked in 
bcc-(011) plane,  Mg(hcp)/Nb(hcp) staked in hcp-(0001) plane, 
and Mg(hp)/Nb(bcc) for which Mg hcp-(0001) structure was 
staked on Nb bcc-(011). These crystallographic planes were 
considered to model Mg/Nb interface as they exhibit the highest 
reticular density and hence must be the most favorable in term 
of metallic bonding. However, it should be noted that for hcp Mg-
(0001) and bcc Nb-(011) the lattice mismatch Δ, determined as 
Δ = 100%·(as – af)/af, where as is the lattice parameter of the 
substrate and af is the lattice parameter of the deposed layers, is 
about 9%, that must cause rather high internal strain. The 
optimization of the structure for the bulk bcc-Mg results in 7.7% 
of the lattice mismatch between bcc-Mg and bcc-Nb. 
Nevertheless, according to the studies reported in Ref. [183], in 
thin multilayers magnesium may adopt the bcc structure of 
niobium, with lattice parameter  close to the bcc-Nb one. 
It should be noted that the bcc structure of Mg can be stabilized 
at high pressure [134]. Calculations of the Burger’s 
transformation path hcp ↔ bcc in the Mg lattice showed that at 
first the sheer deformation dominates but at the end of 
transformation the slide displacement becomes stronger [140], 
see Figure 40. The theoretical study of fully relaxed and 
constrained bcc-Mg lattices done by Junkaew et al. [184] proved 
that metastable bcc-Mg structures can be stabilized either under 
high hydrostatic pressure or constraints arising from interfacial 
interactions between Mg and Nb. The latter are important in 
nanoscale systems and can contribute to the stabilization of 
metastable phases in thin films [184,185]. For example, 
metastable Mg1-хNbх alloys (0.25 ≤ x ≤ 0.31) with bcc structure 
can be obtained in the form of thin films [133]. 
The structure of multilayers is governed by many factors, 
including the film thickness and the number of atomic layers. 
Kumar et al. [186] have theoretically predicted that a coherent 
bcc-Mg/Nb interface can be formed when Mg layer is less than 
4.2 nm.  Increasing the Mg layer thickness should result in 
emerging of a semi-coherent hcp-Mg/Nb interface.  
 
 
Figure 40. Contour plot for the potential surface of the Burgers hcp ↔ bcc 
phase transition in Mg; the solid line shows the energy efficient transition 
pathway. Adapted with permission from K. Klyukin, M.G. Shelyapina D. 
Fruchart, J. Alloys Comp. 2013, 580, S10–S12. [140] 
These theoretical results have been proved experimentally 
[184,187,188]. Ham et al. [187] have shown that the bcc-Mg 
structure may appear in Mg/Nb multilayers under ambient 
conditions. Pathak et al. [188] have demonstrated that in 5 nm/5 
nm Mg/Nb multilayers both phases adopted the same bcc lattice 
parameter <a> = 0.3347 nm, whereas in 50 nm/50 nm 
multilayers the lattice parameters of Mg and Nb layers are 
similar to those of bulk. In addition, Mg/Nb multilayers of a few 
nanometers thickness exhibit essentially higher mechanical 
strength as compared to bulk magnesium [187,188].   
Thereby, one can conclude that due to interfacial interactions 
between Mg and Nb metastable bcc-Mg structure can be 
stabilized in Mg/Nb thin films or multilayers when the Mg layer 
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may appear in Mg-Nb nanocomposites exposed to ball milling or 
other actions is still debatable and need deeper research. 
3.6.4 MgH2 doped with oxide ceramics 
A large number of experimental studies confirm that the addition 
of metal oxides, such as TiO2, Al2O3, VO2 and V2O5, Nb2O5 and 
Fe3O4, has beneficial effect on destabilization of MgH2 matrix 
and cause improvement of kinetic properties of this material 
[50,100,189-191]. Among the various metal oxides used as 
catalysts, TiO2 is noteworthy because it has low cost and high 
availability, besides its great catalytic characteristics [192]. Even 
though a large number of authors claim the catalytic activity of 
both Ti and TiO2 to enhance the (de)sorption of hydrogen in 
MgH2 the atomic-scale role of them is far from clear. As shown 
by Jung et al. [190] addition of only 5 mol% of rutile TiO2 
significantly improved hydrogen absorption kinetics. Pandey et 
al. [193] have obtained the lowest hydrogen desorption 
activation energy is for 50 nm TiO2 particles. According to 
Croston et al. [191] a reduction of the Ti+4 in TiO2 to metallic Ti 
appears to result in the formation of the active species 
responsible for catalyzing the MgH2 dehydrogenation reaction.  
Concerning the surface TiO2-H interaction, Yin et al. [194] have 
obtained the maximum H monolayer coverage on TiO2 (110) 
surface of only 70% at room temperature, regardless of the 
applied partial pressure of hydrogen. The same author 
confirmed that during the heating of the hydrogenated sample, H 
atoms have migrated into TiO2 bulk – an unusual behavior, since 
desorption of H2 (or H2O) molecules into the gas phase is a 
common characteristic of hydroxylated oxide surface. These 
results were confirmed by other authors [195]. Filippone et al. 
[196] carried out research which showed that hydrogen behaves 
as a deep donor in rutile phase. They have also shown that 
electronic localization effects in the bulk TiO2 call for the addition 
of the Hubbard-like term to properly describe bonding and 
changes in charge distribution after hydrogen incorporation. 
Moreover, the formation of Ti+3 species due to the localization of 
H and OH+ electronic levels on some Ti neighbors, supports the 
idea that hydrogen atoms are adsorbed as protons onto outer 
oxygen atoms. 
As shown by microstructural analysis provided by Cui et al. [55], 
nano-sized layer of TiO2 with nano-grains of less than 10 nm 
covers the surface of Mg. In this kind of structure, multiple-
valence Ti not only acts as a catalyst but also forms many 
interfaces with Mg/MgH2.  
 
 
Figure 41. MgH2/hcp Mg interface models used in calculations. Brown and red 
balls represent embedded Ti and O atoms near interface in different atomic 
layers. Blue spheres – Mg, green – H, gold – Ti and red – O.  Reproduced with 
permission from R. Vujasin, J.Grbović Novaković, N. Novaković, S.Giusepponi, 
M.Cellino, Journal of Alloys and Compounds 696, 2017, 548-559 . [197] 
In the study by Vujasin et al. [197] the properties of MgH2/Mg 
interface have been investigated - the diffusion of H in the 
vicinity of Ti and TiO2 species embedded close to hydride/metal 
phase boundary has been assessed using Car-Parinello 
molecular dynamics and Bader QTAIM charge analysis. The 
interface model has been chosen based on work of adhesion 
optimization (see Figure 41). Ti and TiO2 have been embedded 
in different atomic layers parallel and close to phase boundary. 
Molecular dynamics has shown that mobility of H on the 
interface is increased in the vicinity of Ti and reduced in the 
vicinity of TiO2. At the same time, TiO2 did not show any sign of 
dissociation, meaning that O atoms stay firmly bounded to Ti. 
Structural results and Bader charge analysis showed that in the 
presence of more electronegative O atoms, first neighbor H 
atoms accept less charge from Mg than in the case of pure 
MgH2. As a consequence, they form shorter bonds with central 
Ti atom, which can explain to some extent why the mobility of H 
is reduced close to TiO2 species. 
  
4. Conclusions 
This review deals with destabilization methods for improvement 
of storage properties of metal hydrides. Both theoretical and 
experimental approaches were used to emphasize the influence 
of various types of defects on structure and stability of Mg-based 
hydrides. As a case study, Mg based hydrides has been 
investigated. The influence of ion irradiation and mechanical 
milling with and without additives has been discussed. Ion 
irradiation is the way to introduce a well-defined concentration of 
defects (Frankel pair) at the surface and sub-surface layer of a 
material. Defects at the surface play the main role in sorption 
reaction since they enhance the dissociation of hydrogen. On 
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sample volumes, refine the structure thus decrease the path for 
hydrogen diffusion. Two Severe Plastic Deformation techniques 
were used to better understand the hydrogenation/ 
dehydrogenation kinetics of Mg- and Mg2Ni-based alloys, being 
respectively Equal-Angular-Channel-Pressing and Fast-Forging.  
Successive ECAP passes leads to refine the microstructure of 
AZ31 ingots and install therein high densities of defects. 
Depending on mode, number and temperature of ECAP passes, 
the H-sorption kinetics have been improved satisfactorily without 
any additive for mass H-storage applications considering the 
relative fastness of the shaping procedure. A qualitative 
understanding of the kinetic advance principles has been built. 
Fast-Forging was used for a “quasi-instantaneous” synthesis of 
Mg/Mg2Ni-based composites. Hydrogenation of the as-received 
almost bi-phased materials remains rather slow as generally 
observed elsewhere whatever are multiple and different 
techniques used to deliver the composite alloys. However, our 
preliminary results suggest that a synergic hydrogenation / 
dehydrogenation process should assist hydrogen transfers from 
Mg/Mg2Ni on one side to MgH2/Mg2NiH4 on the other side via the 
rather stable a-Mg2NiH0.3, acting as in-situ catalyser.     
Theoretical studies, mainly carried out within various realizations 
of DFT, are proved to be a powerful tool to study MgH2 based 
materials. Providing an insight on metal-hydrogen bonding, that 
governs both thermodynamics and hydrogen kinetics, they allow 
us to describe phenomena, to which experimental methods have 
a limited access or do not have it at all: to follow the hydrogen 
sorption reaction on a specific metal surface and hydrogen 
induced phase transformations, to describe structure of phase 
boundaries, to explain the impact of defects or various additives 
on MgH2 stability and hydrogen sorption kinetics. In several 
cases theoretical calculations reveal themselves able to predict 
new properties of materials, including the ways to modify Mg or 
MgH2 that would lead to better characteristics in terms of 
hydrogen storage. 
Beside prevalently ionic first neighbour interaction, charge 
density analysis of bonding in pure MgH2 reveals non negligible 
contribution of second neighbour H-H interaction as well.  
It is shown that the mobility of H atoms and/or H vacancies is 
heavily dependent on H surface concentration. In other words, it 
is of vital importance to find an efficient way of removing surface 
hydrogen (H2 recombination or some competitive process) in 
order to enable fast diffusion toward phase boundary and 
desorption of H. The calculations also show that 
substoichiometric Mg hydride present during (de)sorption 
process and the infleunce of H vacancies on electronic structure 
could be the explanation for observed changes in colour of MgH2 
thin films. 
The effects of substitution of Mg with boron are dependent on 
concentration and the vicinity if surface or site symmetry 
reduction. B tends to coordinate itself tetrahedrally and the 
nature of bonding is shifted toward open-shell interactions. 
The systematical bulk and cluster investigation of substitution of 
Mg with 3d transition metals reveals locally stronger and shorted 
TM-H bonds which in turn weakens the rest of the host matrix. 
The trends of bond length and strength can be attributed to 
peculiarities of localized narrow 3d states within energy gap. It is 
shown that additional substitution of Mg atoms with atoms f 
metastable hydrides (Al, Zn) can further decrease the stability of 
the system and thus improve sorption properties. 
Calculations of influence of metal and its oxide close to metal-
hydride interfaces revealed that hydrogen mobility is reduced in 
the presence of oxide, not in accordance with experimental 
findings. This could be attributed to the limitations of the 
proposed calculation model. 
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This review deals with defects related 
destabilization methods for 
improvement of storage properties of 
some Mg-based hydrides. Theoretical 
and experimental approaches were 
used to investigate the influence of 
various types of defects on structure 
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